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The plastic deformation of body-centered cubic (bcc) iron at low tempera-
tures is governed by the a0/2<111> screw dislocations. Their non-planar 
core structure gives rise to a strong temperature dependence of the yield 
stress and overall plastic behavior that does not follow the Schmid law 
common to close-packed metals. In this work the properties of the screw 
dislocations in Fe is studied by means of static atomistic simulations using 
a state-of-the-art magnetic bond order potential (BOP). The core structures 
at equilibrium as well as under various external loadings are examined. 
Based on the atomistic studies an analytical yield criterion is formulated 
that captures correctly the non-Schmid plastic response of iron single crys-
tal under general deformation. The yield criterion was used to identify op-
erative slip systems for uniaxial loadings in tension and compression 
along all directions within the standard stereographic triangle. A good 
agreement between our theoretical predictions and experimental data 
demonstrates the robustness and reliability of such atomistically-based 
yield criterion. In order to develop a link between the atomistic modeling 
of the a0/2<111> screw dislocations at 0 K and their thermally activated 
motion via nucleation and propagation of kinks at finite temperatures, a 
model Peierls potential is introduced which is able to reproduce all aspects 
of the dislocation glide resulting from the non-planar core structure. Using 
the transition state theory, the predicted temperature dependences of the 
yield stress as well as some characteristic features of the non-Schmid be-




metries agree well with experimental observations. The results presented 
in the thesis therefore establish a consistent bottom-up model that provides 
an insight into the microscopic origins of the peculiar macroscopic plastic 
behavior of bcc iron at low temperatures. In addition, the results obtained 
in this work can be utilized directly in mesoscopic modeling approaches 






Bei niedrigen Temperaturen wird die plastische Verformung von kubisch-
raumzentriertem (krz) Eisen durch a0/2<111> Schraubenversetzung kon-
trolliert. Ihre nicht-planare Kernstruktur führt zu einer großen Tempera-
turabhängigkeit der Fließspannung und das gesamte plastische Verhalten 
lässt sich nicht durch das für dichtgepackte Metalle geltende Schmidgesetz 
beschreiben. In dieser Arbeit werden die Eigenschaften von Schrauben-
versetzungen in Eisen mit Hilfe einer statischen Atomistiksimulation un-
tersucht, das ein sich auf dem aktuellen Stand der Technik befindendes 
magnetisches Bindungspotential, das sogenannte "Bond-Order Potential" 
verwendet. Die Kernstruktur wird bei Gleichgewicht und unter verschie-
denen externen Belastungszuständen untersucht. Basierend auf den ato-
mistischen Untersuchungen wird ein analytisches Fließkriterium formu-
liert, welches das sogenannte "non-Schmid" Verhalten von einkristallinem 
Eisen bei allgemeiner Verformung wiedergibt. Das Fließkriterium wird 
verwendet, um die aktiven Gleitsysteme bei einachsiger Belastung im Zug 
und Druck entlang aller Richtungen des stereographischen Dreiecks her-
auszufinden. Eine gute Übereinstimmung zwischen unseren theoretischen 
Vorhersagen und den experimentellen Daten zeigt die Robustheit und die 
Zuverlässigkeit des Fließkriteriums basierend auf der atomistischen Simu-
lation. Um eine Verbindung zwischen der atomischen Modellierung von 
a0/2<111> Schraubenversetzung bei 0 K und ihrer thermisch aktivierter 
Bewegung bei endlichen Temperaturen durch die Nukleation und Ausbrei-




führt, welches alle Aspekte des Versetzungsgleitens resultierend aus der 
nicht-planar Kernstruktur reproduzieren kann. Unter Verwendung der 
"Transition State Theory" stimmen sowohl die vorhergesagten Tempera-
turenabhängigkeiten als auch die bestimmten charakteristischen Eigen-
schaften des "non-Schmid"-Verhaltens, wie die Zwillings-Antizwillings- 
sowie die Zugdruckasymmetrie sehr gut mit experimentellen Beobachtun-
gen überein. Die in diese Arbeit präsentierten Ergebnisse bauen ein kon-
sistentes "Bottom-up" Modell auf, das einen Einblick in den mikroskopi-
schen Ursprung des eigenartigen makroskopischen plastischen Verhaltens 
von krz Eisen bei niedrigen Temperaturen liefert. Zusätzlich können die in 
dieser Arbeit erzielten Ergebnisse in mesoskopische Modellierungsansätze 
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1.1 Historical background and 
experimental overview 
 
Starting from the 1920s, the earliest systematic studies of the mechanical 
properties of single crystals concentrated on the plasticity of the hexagonal 
close packed (hcp) and face-centered cubic (fcc) metals. The basic find-
ings on the plasticity of these metals were (i) an essentially athermal na-
ture of the deformation by crystallographical slip, and (ii) a universal de-
scription for the onset of slip known as the Schmid’s law [1] (for review 
see [2, 3]). According to the Schmid law, the yield on the slip plane for a 
particular material occurs at a constant projected shear stress called the 
critical resolved shear stress (CRSS). The CRSS value depends neither on 
the slip system nor on the sense of slip. Additionally, the Schmid law as-
sumes that the resolved shear stress on the activated slip system in the di-
rection of slip (this stress is usually called the Schmid stress) is the only 
stress component triggering the plastic flow; the other components of the 
stress tensor do not affect the plastic deformation.  
However, almost simultaneous investigations on -iron [4] and -brass [5] 
conducted by G.I. Taylor and his co-workers indicated that the slip behav-




iour in materials with the body-centered cubic (bcc) structures was com-
pletely different from that of the close-packed fcc and hcp metals, indicat-
ing that the Schmid law is not universally applicable. In the course of 
time, owing to the development of modern techniques for growing crystals 
and purification [6], extensive investigations have been performed on a 
broad variety metals and alloys with bcc structure including -iron and 
iron-silicon alloys [7-21], the refractory metals of Groups VB and VIB 
[22-35], and the alkali metals [36-41]. All these experimental studies have 
unequivocally shown that all bcc materials exhibit certain common fea-
tures in their deformation behavior, which distinguish the whole group 
from the fcc and hcp metals and alloys. These general features include: 1) 
a rapid increase of the yield and flow stresses with decreasing temperature 
and increasing strain rate, 2) a strong dependence of the CRSS on the ori-
entation of the loading and overall breakdown of the Schmid law in single 
crystals of bcc metals [42-47]. 
Two distinct intrinsic non-Schmid effects have been observed in bcc met-
als [44]. The first one is the variation of the CRSS with the sense of shear 
called the twinning/anti-twinning asymmetry. The second one is the ten-
sion–compression asymmetry [48], where the critical stresses for tension 
and compression are different for the same loading orientation. It is now 
generally accepted that the origin of both these non-Schmid effects is re-
lated to a non-planar core structure of the a0/2<111> screw dislocations in 
the bcc lattice. The fact that the mechanical behaviour and flow stress of 
bcc metals below the so-called knee temperature Tk [49] is governed by 
the motion of the a0/2<111> screw dislocations was first proposed by 
Hirsch in 1960. These dislocations were expected to possess a high lattice 
friction as a consequence of the three-fold symmetry of the dislocation 
core structure in the bcc lattice [50]. This concept was supported later by 
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transmission electron microscopy (TEM) observations in which long 
screw dislocation segments were observed in samples deformed at low 
temperatures (for example, see [51]). After decades, being confirmed by 
many experimental and theoretical studies, it is now well accepted that the 
strong temperature, strain-rate, and orientational dependence of the flow 
stress indeed results from intrinsic properties of the a0/2<111> screw dis-
locations at the atomic scale (for reviews see Refs. [52-56]). In order to 
fully understand the macroscopic mechanical behaviour of bcc iron, it is 
therefore necessary to analyze and describe the properties and the behav-
iour of the screw dislocations at the nanoscale, both with and without ex-
ternally applied loadings. This investigation is one of the main topics of 
this thesis presented in Chapter 3. 
A number of experimental studies examining fundamental characteristics 
of slip deformation in iron at low temperatures had been done in the past 
by, e.g. Allen et al. [57], Basinski and Christian [58], Conrad and Scheock 
[59], and Refs. [18, 60-67]. However, since the plastic deformation by dis-
location slip is at very low temperatures competing with deformation by 
twinning or even with cleavage fracture, it took rather long time before the 
fundamental aspects of dislocation plasticity, such as the yield stress for 
slip or the operating slip systems, have been examined in the whole tem-
perature range. Only in 1981, Aono et al. carried out a detailed systematic 
study of deformation of Fe single crystals down to liquid He temperatures 
[68]. The authors showed that the deformation mode depends on the spec-
imen size and they succeeded to plastically deform specimens of smaller 
sizes at temperatures of 4.2 K and to investigate various fundamental 
characteristics of slip deformation. Similar to most other bcc metals, the 
twinning-antitwinning effect was also observed in Fe with the twinning-
antitwinning ratio ranging between 1.12 and 1.22 for different loading di-




rections. The variation of the yield stress as a function of temperature and 
orientation showed also characteristic features of bcc deformation behav-
ior being divided into three temperature ranges: T < 100 K, 100 K < T < 
250 K, and 250 K < T < 340 K [69, 70]. Above 340 K lies the athermal 
region in which the value of yield stress was ~15 MPa independent of 
loading orientation. The regime between 250 K and 340 K is assigned to 
the fully developed kink-pairs governed by the elastic-interaction (EI) ap-
proximation [49]. Below 100 K it is governed by the formation of kink-
pairs in a manner of bow-out on the primary {110} slip plane according to 
the line-tension (LT) approximation [71]. Regarding the regime between 
100 K and 250 K, there is a discrepancy in the basic slip mechanism. 
While Brunner and Diehl argued that in this region the screw dislocations 
glide on {110} planes alternatively [72], in Seeger’s explanation the kink-
pair formation is assumed to be on the {112} planes [49]. 
The first attempts to determine the elementary slip mechanisms of the 
screw dislocation go back to studies of Taylor and Elam [4], who intro-
duced the pencil glide mechanism where the slip was assumed to occur in 
the <111> crystallographic direction but the mean plane of slip was the 
one with the maximal projected shear stress. This plane might be a crystal-
lographic but also a non-crystallographic plane. After this pioneering re-
search, there have been several contradicting statements regarding the ac-
tive slip planes in bcc metals [73]. Gough [74] and Barrett et al [75] stated 
that the slip takes place on the {110}, {112}, and {123} families of crys-
tallographic planes. Other studies claimed that only the {110} and {112} 
slip planes are activated at ambient temperatures, whereby the {123} 
planes need a higher temperature for activation. More recent studies sug-
gest that the elementary slip at the microscopic level takes place exclu-
sively on the {110} planes, and the apparent slip on both the {112} and 
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{123} planes is actually composed of multiple elementary slip steps on 
two non-parallel {110} planes [76]. A systematic observation of the slip 
planes in single crystal iron was also presented by Aono et al. [68]. Ac-
cording to their results, the deformation below 200 K is clearly governed 
by the screw dislocations whose slip plane is exclusively the (101)  plane 
at liquid He temperature for any loading orientation with straight slip lines 
parallel to each other. However, as temperature being increased, the mac-
roscopically observed slip plane approaches the maximum shear stress 
plane. 
Another interesting feature observed in experiments was the phenomenon 
of anomalous slip [77, 78]. The anomalous slip occurs in bcc crystals at 
low and moderate plastic strains when the deformation proceeds on a set 
of {110} planes on which the resolved shear stress is substantially lower 
than that on the primary, i.e. with the highest Schmid factor, {110} slip 
plane. All these experimentally observed phenomena can not be fully un-
derstood without knowledge of microscopic processes associated with the 
glide of the screw dislocations. In order to establish a link between the 
macroscopic mechanical properties and the dislocation core structure, our 
first task is to determine the elementary slip behavior of the a0/2<111> 
screw dislocation in iron at the atomic scale.  
Unfortunately, direct observations of the atomic core structures of the 
a0/2<111> screw dislocation in bcc metals are difficult and only very few 
attempts have been made so far [79, 80]. This is because the atoms around 
a screw dislocation are displaced primarily along the dislocation line di-
rection while their displacements perpendicular to the dislocation line, 
which can be detected by the modern high-resolution transmission elec-
tronic microscopy (HRTEM), are usually very small (their magnitude is 




given by the elastic anisotropy of the material). Thus, the understanding of 
the screw dislocation behaviour at the atomic level relies ultimately on the 
modelling and simulation techniques. 
 
1.2 Modeling and simulations of screw 
dislocations in bcc metals 
 
1.2.1 Intrinsic properties at 0 K 
First computer-based atomistic modelling studies of the structure and en-
ergetic of the a0/2<111> screw dislocations were carried out in the 1970s 
by Duesbery [26], Vitek et al. [81], and Basinski et al. [82] using simple 
pair potentials. Already these pioneering calculations revealed the non-
planar core of the screw dislocation and confirmed thus the initial assump-
tions about the limited mobility of these line defects. As indicated by 
Neumann’s principle [83], the main factor controlling the core spreading 
is the symmetry of the crystal structure. The most important symmetry 
consideration relevant to the a0/2<111> screw dislocation in a bcc crystal 
is that <111> is the direction of a threefold screw axis. The first computer 
simulations showed that the screw dislocation core indeed possessed the 
three-fold symmetry and extended along three {110} glide planes contain-
ing the <111> slip direction. Two energetically degenerate conjugate con-
figurations were found that were related to each other by a rotation of /3 
in terms of the <111> diad [Fig. 1-1(a)]. These core structures were later 
termed as degenerate. In the following years, the degenerate core structure 
of  the a0/2<111> screw dislocation was found in many bcc metals using 
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more advanced many-body interatomic potentials such as the Finnis-
Sinclair (FS) potential or potentials based on the embedded atom method 
(EAM) [54, 84-87]. However, it was found that there exists also another 
variant of the screw core termed as non-degenerate, which is characterized 
by the <110> diad symmetry operation. This non-degenerate core struc-
ture had already been found by some central-force potentials [88-92], and 
it has been primarily identified as the ground-state structure in recent cal-
culations employing accurate first-principles methods based on the density 
functional theory (DFT) [93-97], closely related tight-binding (TB) mod-
els, and TB-based bond-order potentials (BOP) [98-100]. Based on the 
high credibility of these recent calculations, it is now thought that the non-
degenerate core structure is indeed the equilibrium structure of the 
a0/2<111> screw dislocation for most bcc metals [Fig. 1-1(b)]. 
The determination of the correct ground-state dislocation core structure is 
only the first step. In order to build a link to macroscopic plasticity, it is 
necessary to examine how the dislocation responds to externally applied 
loads (see, for example, [44, 101]). The purpose is to identify the compo-
nents of the stress tensor that influence the motion of an individual screw 
dislocation and subsequently to quantify their effects on the magnitude of 
the Peierls stress. For fcc metals according to the Schmid law, the disloca-
tion starts to move when the resolved shear stress (RSS) in the slip plane 
parallel to the direction of the Burgers vector reaches a critical value, i.e., 
CRSS (critical resolved shear stress). The Peach-Köhler force is in this 
case the only contribution driving the dislocation forward. The sense of 
the shearing and the components of the stress tensor other than the shear 
stress parallel to the slip direction in the slip plane have no effects on the 
dislocation motion [52]. In contrast to the fcc metals, it was proved by 
both experimental and atomistic studies [89, 101, 102] that the Schmid 




law is not valid in bcc metals and the glide of the screw dislocation is also 
significantly affected by stress components other than those parallel to the 
slip direction. Direct manifestations of these effects in bcc metals are the 
experimentally observed twinning-antitwinning and tension-compression 
asymmetries [44]. These macroscopic phenomena are already clearly visi-
ble at the atomic level. For example, in [101] a set of pure shear stresses 
parallel to the slip direction in different maximum resolved shear stress 
planes (MRSSP) were applied to the a0/2<111> screw dislocation to verify 
the twinning-antitwinning effect. In addition, uniaxial loadings in tension 
and compression with corresponding MRSSP were performed to examine 
the tension-compression asymmetry. The purpose of these calculations 
was also to reveal that the shear stress parallel to the slip direction, which 
exerts Peach-Köhler force to drive the screw dislocation, is not the only 
stress component controlling the motion of the dislocation. Instead, the 
shear stresses perpendicular to the slip direction, which do not drive the 
screw dislocation directly, can change the core structure, and consequently 
affect the CRSS of the screw dislocation.  
 
 
Figure 1-1. The degenerate (a) and non-degenerate (b) core 








1.2  Modeling and simulations of screw dislocations in bcc metals     
 
9
Apart from the intrinsic properties of a single a0/2<111> screw dislocation 
that determine the onset of the plastic deformation in single crystals, con-
tinuum yield criterions are highly desirable for macroscopic engineering 
calculations. With such yield criterions the microscopic behaviour can be 
represented using a small number of fundamental parameters. The early 
framework of the continuum description for single crystal plasticity was 
developed by Hill [103] and Rice [104]. These theories are commonly 
based on the Schmid law for close-packed metals. These first models have 
been later extended to include the non-Schmid effects but only in a limited 
manner [105, 106]. More systematic work on the non-Schmid description 
has been developed in the early 1990’s by Qin and Bassani for Ni3Al [107, 
108]. In their model, the critical resolved shear stress in the primary slip 
system is a function of both the orientation of the loading axis and the 
sense of shear. A simple form of an effective yield criterion was con-
structed in which the yield stress is written as a linear combination of the 
Schmid stress and other non-Schmid stresses. Recently, the analytical 
yield criterion proposed in [107, 108] was further developed by Gröger et 
al. [109] to determine the commencement of the motion of the a0/2<111> 
screw dislocations in Mo and W under general external loading. This yield 
criterion was shown to reproduce closely the atomistic results including 
the non-Schmid effects such as, the twinning-antitwinning and tension-
compression asymmetries, and therefore to be able to determine reliably 
the slip behaviour of a single crystal under any loading orientation. 
 
1.2.2 Finite temperature behavior 
Most of the atomistic studies mentioned above are static calculations that 
provide information about an ideal, infinitely long and straight a0/2<111> 




screw dislocation at 0 K. Owing to the non-planar core structure, the lat-
tice resistance is very large indicating a high Peierls barrier between two 
neighbouring sites that the dislocation has to overcome [52, 110-113]. The 
corresponding critical resolved shear stress required to surmount this bar-
rier at 0 K is called the Peierls stress.  
As mentioned above, it is observed experimentally that the yield stress for 
the whole group of bcc metals including Fe is not constant but it strongly 
depends on temperature. There exist two main regions of the yield stress 
in terms of temperature [49]: at temperatures T > Tk , above the so-called 
critical temperature Tk, the yield stress is only weakly dependent on tem-
perature and can be approximated by a constant athermal stress σ . For T 
< Tk there is a rapid increase of the yield stress, *σ , with decreasing tem-
perature.  
Seeger [49] suggested that the flow stress of metals with bcc structure is 
determined by the thermally activated formation of kink pairs on the 
a0/2<111> screw dislocations and their subsequent migration along the 
dislocation line. The model of the formation and propagation of kink-pairs 
was originally developed for fcc metals where the dislocation glides on a 
well-defined slip plane and the Peierls barrier is a periodic function of the 
dislocation position [114-117]. The application of this concept to bcc met-
als enabled to account for the temperature dependence of the flow stress, 
however, the model parameters need to be determined by empirical fitting 
to experimental data. Such a study was conducted by Brunner and Diehl 
[72, 118, 119], in which the high purity -iron single crystals were meas-
ured via stress-relaxation measurements by successive tensile deformation 
steps at different temperatures from 4K to 380K [69, 70]. Several charac-
teristic kink and dislocation parameters were evaluated quantitatively from 
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the experiments providing a rather good agreement between the experi-
mental results and the theoretical predictions for the dependence of the 
flow stress on temperature.  
In Seeger’s model, the screw dislocation is expected to surpass the Peierls 
barrier with the aid of thermal activation via nucleation of kink-pairs, 
which subsequently migrate relatively easier along the dislocation line 
[52, 120, 121]. Since a part of the energy required to activate the disloca-
tion is supplied by thermal fluctuations, the corresponding CRSS required 
to trigger the motion of the screw dislocation in this way is thus smaller 
than the Peierls stress at 0K for the ideal straight desolation. Following the 
transition state theory of thermally activated processes [122-124], a simple 





σγ γ= −& &         (1-1) 
can be applied for the description of the process. The pre-exponential fac-
tor 0γ  depends on the details of the mechanism of kink-pair formation but 
can be considered to a good approximation as constant. H( ) is the activa-
tion enthalpy, which is a function of the applied stress tensor , kB is the 
Boltzmann constant and T is the absolute temperature. Eq. 1-1 therefore 
describes the dependence of the flow stress on temperature, where the cru-
cial quantity which governs the process is the stress dependent activation 
enthalpy H( ). 
 
(1)   High-temperature/low-stress regime 
At high temperatures close to Tk, the critical yield stress is significantly 
lower than the Peierls stress at 0 K and approaches the athermal yield 




stress. In this region, the thermal fluctuations are so large that fully devel-
oped kink pairs can form on the dislocations [See Fig. 1-2(a)].  
The formed kinks interact elastically with each other via the attractive 
Eshelby potential which can be expressed as:  
2 2 / 8a b zμ π− Δ          (1-2) 
in the framework of isotropic elasticity [52]. In Eq. 1-2,  is the shear 
modulus; a is the kink height corresponding to the distance between two 
neighbouring Peierls valleys; b is the magnitude of the Burgers vector, and 
z is the kink-pair width. During the formation of a kink-pair, the work 
done by the applied stress, *, which is the shear stress projected on the 
 
 
Figure 1-2. The saddle-point configurations for the nucleation of a 
pair of kinks on the a0/2<111> screw dislocation: (a) a pair of well-
developed kinks at low stresses and high temperatures; (b) a bow-
out at high stresses and low temperatures.  is the coordinate along 
the activation path and V( ) is the Peierls barrier along this path. 
 
ξ ξ
ξ ξξ0 ξ0ξc ξc
V(ξ) V(ξ)
(a) (b)
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glide plane and parallel to the slip direction, is *ab zσ Δ . The enthalpy as-
sociated with this configuration is then given as 
2 2 *
k2 / 8H a b z ab zμ π σ− Δ − Δ        (1-3) 
where 2Hk is the energy of two isolated kinks at zero stress, which can be 
determined from either simulations [125, 126] or experiments [118].  
The competition between the attractive interaction between the kinks and 
the repulsive interaction produced by the loading, *, during the nucleation 
depends on the separation distance z. Kink pair separated by less than the 
critical distance will attract each other and annihilate; more distantly sepa-
rated kink pairs will continue to spread apart under the action of the ap-
plied stress.  
The critical separation of kinks for which the enthalpy of Eq. 1-3 reaches 
the maximum defines the saddle-point configuration. The corresponding 
activation enthalpy is: 
*
3/2
kp k2 ( ) 2
H H ab μσ
π
= −        (1-4) 
One should note that the shear stress * is the only component of the ap-
plied stress tensor that drives the dislocation forward. The effects of other 
stress components, e.g., the shear stresses perpendicular to the slip direc-
tion, which may affect the Peierls potential, are not considered in this 
model.  
Therefore the thermally activated motion of the screw dislocation in the 
low-stresses/high-temperature regime is therefore assumed not to be de-
pendent on the height and the shape of the Peierls potential. 




(2)   Low-temperature/high-stress regime 
At low temperatures, the thermal fluctuations are too small to be able to 
surmount the Peierls barrier. It is therefore necessary to lift the dislocation 
from the bottom of the Peierls valley with the aid of the applied stress. In 
the line tension model, the dislocation shift by the applied stress to posi-
tion 0 is determined from the condition [Fig. 1-2(b)] 
0





=          (1-5) 
At this position, the force pushing the dislocation back to the bottom of 
the Peierls valley is equal to the Peach–Köhler force *b due to the applied 
stress. The energy associated with the dislocation bow-out in a given Pei-
erls potential is then given as [116]: 
'2
b 0{[ ( ) ] 1 [ ( ) ]}dE V E V E zξ ξ ξ
+∞
−∞
= + + − +     (1-6) 
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where E is the line tension of the straight dislocation and the bowed seg-
ment is described by a function [x(z), y(z)], where the coordinate z lies 
along the slip direction. The work done by the bow-out is 
*
0( )dW b zσ ξ ξ
+∞
−∞
= −         (1-7) 
and the enthalpy associated with this process is then the difference 
b .E W−  In most cases, the bow-out returns back to the original straight 
position. However if the saddle point is reached, corresponding to a criti-
cal value of cξ ξ= , the bow-out continues to extend as a pair of fully de-
veloped kinks. Following Dorn and Rajnak [116], this leads to the follow-
ing condition determining c:  
*
c c 0( ) ( ) ( )V b Vξ σ ξ ξ ξ= − +        (1-8) 




b 0 02 [ ( ) ] [ ( ) ( ) ] dH V E b V E
ξ
ξ
ξ σ ξ ξ ξ ξ= + − − + +    (1-9) 
where the Peierls barrier V( ) needs to be determined either theoretically 
or from experimental data. The activation enthalpy Hb from Eq. 1-9 is 
schematically illustrated in Fig. 1-3 as an area bounded by the Peierls bar-
rier and the line with the slope *b. 0 is the initial position of the disloca-
tion under external loading and c can then be evaluated numerically ac-
cording to Eq. 1-8. 
 
(3)   Determination of the activation enthalpy 
A possible way to determine the activation enthalpy and its dependence on 
stress using atomistic simulations is to investigate the transition path be-




tween two neighbouring stable positions of the screw dislocation using the 
Nudged Elastic Band (NEB) method [127-130]. The NEB method is a 
powerful method for identifying the saddle-point configurations and can 
be applied even for complex activation processes. The procedure was 
adopted for degenerate cores in [131-134] and kink-pairs were observed in 
the commencement of the dislocation motion. The activation enthalpy for 
this process was then determined as a function of the pure shear stress ap-
plied along the (101)  glide plane.  
However, as noted above, the Peierls barrier, and therefore also the activa-
tion enthalpy, can be influenced by all components of the applied stress 
tensor. This is especially true in the case of the a0/2<111> screw disloca-
tions in bcc metals, whose core structure may be altered strongly by the 
non-Schmid stresses [101]. In order to take into account all contributions 
from the shear stress parallel as well as perpendicular to the slip direction, 
one would have to investigate the transition process for all possible com-
binations of the stress components. Such a procedure is obviously too 
computationally demanding and cannot be applied for the determination of 
the dependence of the activation enthalpy on the stress tensor.  
An alternative approach for determining the temperature dependence of 
the yield stress is to study the motion of the a0/2<111> screw dislocations 
at finite temperatures directly by molecular dynamic (MD) simulations 
[91, 92, 133, 135, 136]. In these calculations the simulation block contain-
ing a single dislocation is loaded at a given temperature until the disloca-
tions starts to move. The performed simulations show that the glide mech-
anism is indeed the nucleation and propagation of kink pairs on {110} 
planes, and the computed values of the flow stress decrease with increas-
ing temperature. However, due to time and size limitations of MD simula-
1.2  Modeling and simulations of screw dislocations in bcc metals     
 
17
tions these calculations have to be performed at extremely high strain rates 
(typically 105 to 109 s-1 compared to 10-4 to 10-2 s-1 in experiments). Thus, 
MD simulations cannot be used for a systematic study of dislocation be-
haviour under realistic conditions.  
Instead of the direct atomistic studies, Edagawa et al. [137] proposed in 
1997 an analytical description of the Peierls potential, which is a periodi-
cal function of the position of the dislocation with three-fold rotating 
symmetry. Since this potential correctly satisfies the periodicity of the bcc 
lattice, it can be applied for analysis of the screw dislocation motion and 
the kink pair formation on any of the three adjacent {110} planes. For in-
stance, the saddle-point configuration of a critical kink pair in three-
dimensional space and the associated activation energy as a function of the 
shear stress parallel to the Burgers vector can be evaluated using the line-
tension model of a dislocation [121, 122]. Recently, Gröger and his col-
leagues extended this model [138] and constructed the Peierls potential for 
bcc metals Mo and W based on results of atomistic simulations. The main 
advantage of this atomistically-based Peierls potential is that it correctly 
reflects features resulting from the non-planarity of the dislocation cores 
and its stress-induced transformations, e.g. the dependence of the Peierls 









1.3 Objectives of this work 
 
The main objective of this thesis is to develop a theoretical description of 
the low temperature plastic deformation governed primarily by the 
a0/2<111> screw dislocations in iron. To achieve this goal, the work starts 
with investigation of the basic properties of the straight a0/2[111] screw 
dislocation that are presented in Chapter 3. It focuses first on the effect of 
the pure shear stress parallel to the Burgers vector, to demonstrate the de-
pendence of CRSS on the sense and orientation of the shearing and to re-
veal the so-called twinning-antitwinning asymmetry observed in experi-
ments [44, 54]. Then the CRSS for the screw dislocation under uniaxial 
loadings in tension and compression is determined, in order to verify the 
experimentally observed tension-compression asymmetry. These calcula-
tions also reveal whether the shear stress parallel to the slip direction, 
which exerts the Peach-Köhler force to drive the screw dislocation, is the 
only stress component controlling the motion of the dislocation. As in [89, 
102], the current work will prove that the non-Schmid stresses, i.e., the 
shear stresses perpendicular to the Burgers vector, also affect the disloca-
tion motion in iron. These results will enable us to explain the anomalous 
slip observed in experiments, and to analyse in detail how the CRSS is 
influenced by the changes of the non-planar core structure of the 
a0/2<111> screw dislocation. 
By applying reduced stress tensors with stress components only parallel 
and perpendicular to the slip direction, the critical resolved shear stress as 
a function of the orientation of the MRSSP as well as of the magnitude of 
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the shear stress perpendicular to the slip direction is determined. These 
results can be used to determine the macroscopic yielding of single crys-
tals containing a0/2<111> screw dislocations with all possible Burgers 
vectors. An analytical yield criterion will be formulated to determine the 
commencement of the motion of the a0/2<111> screw dislocations under 
external loadings at 0 K [109]. This criterion can predict the slip behaviour 
of Fe single crystal under any loading orientation. 
In the last section of Chapter 3, a Peierls potential will be developed that 
captures all features resulting from the non-planarity of the screw disloca-
tion core and its stress-induced transformations. Since the constructed Pei-
erls potential is based on the results of atomistic simulations, it closely 
reproduces the dependence of the Peierls stress on the MRSSP orientation 
and on the shear stresses perpendicular to the Burgers vector. The thermal-
ly activated dislocation motion via formation of kink-pairs can then be 
treated using the line tension model at low temperatures and the elastic 
interaction model at high temperatures [121, 122].  
Since direct atomistic simulations of dislocations by MD techniques are 
limited by small length and time scales, the understanding of the defor-
mation behaviour at finite temperatures requires an employment of phe-
nomenological models that describes only the key properties of disloca-
tions, e.g., the dislocation mobility in terms of the activation enthalpy and 
the loading stress, instead of covering all atomistic details. In recent years, 
the newly developed Discrete Dislocation Dynamics (DDD) models pro-
vided a mesoscopic description of dislocation ensembles based on the sin-
gle dislocation mobility. The dislocation mobility laws in most existing 
DDD models is based on Kocks law [120, 139], which describes the acti-
vation enthalpy as a function of the resolved shear stress by fitting the pa-




rameters to experiments. Such a mobility law cannot reflect the non-
Schmid effects, e.g., the twinning-antitwinning and tension-compression 
asymmetries originating from non-planar cores of the screw dislocations 
in bcc metals. Thus, one of the ultimate goals of our work is to establish a 
bottom-up modelling approach which will enable transparent and well de-
fined transfer of the achieved information on dislocation properties from 
the microscopic through the mesoscopic to the macroscopic level. This 
multiscale framework is elaborated in Chapter 4, where it starts from the 
fundamental dislocation properties at the atomic level and build up a link 
between the atomic-level modelling of the glide of a0/2<111> screw dislo-
cations at 0 K and the mesoscopic modelling of the thermally activated 
motion of screw dislocations via nucleation of kink-pairs at finite tempera-
tures. The approach developed here provides a consistent multiscale pic-
ture about the low temperature plastic deformation of bcc iron. The results 
obtained in our work can be utilized directly as input data in higher level 






2.1 Bond order potential 
 
One of the most critical aspects of all atomistic modelling and simulations 
is their dependence on the description of the interatomic interactions. This 
is particularly important near the defects such as vacancies and disloca-
tions. Methods for evaluation of interatomic forces can be divided roughly 
into three classes. The first class employing a full quantum mechanical 
treatment of the electronic structure, for instance within DFT, provides the 
description of chemical bonding most reliably and have been employed in 
many investigations of the physical and mechanical properties of materials 
(for reviews, see e.g., [55, 140-142]). However, the first-principles calcu-
lations are limited to small block sizes and restricted by the use of periodic 
boundary conditions. Studies of large and complex systems, e.g., those 
with dislocations, typically require approximations and significant simpli-
fications when describing the interatomic interactions. Such studies are 
nowadays mostly carried out using a second class of methods, namely 
empirical potentials. These methods are very computational efficient but 
often sacrifice reliability and transferability. For instance, many-body FS 
[143] or EAM [144, 145] potentials are able to describe well simple and 




noble metals, in which the bonding is almost nearly free-electron-like, but 
not transition metals such as iron, where the bonding between atoms is 
mediated by the d-electrons and further complicated by magnetic effects. 
In the present work, a third class of methods is therefore employ. This 
third class presents a compromise between the former two classes in terms 
of reliability and speed, and is hence best suited for studying the proper-
ties of the  a0/2<111> screw dislocations in iron. The model used in this 
work is a recently developed magnetic bond-order potential (BOP) for Fe 
[99, 100], which is based on the tight-binding approximation to the elec-
tronic structure and therefore it is able to describe correctly the angular 
character of bonding in Fe. Despite its quantum mechanical origin, BOP is 
also sufficiently computationally efficient for the modelling of extended 
defects, and due to its real space formalism it is not limited by the periodic 
boundary conditions.  
Here we only briefly review the fundamental aspects of BOP necessary for 
understanding of the model. In transition metals the d-states have energies 
comparable to the valence s-states. Owing to greater angular momentum, 
d-electrons do not extend so far from the nucleus. As a result, the wave 
functions of the d-states are quite localized in comparison with the s-
states, and the behaviour of the d-electrons is intermediate between that of 
the valence and core electrons. Since the d-orbitals are constrained, they 
overlap only slightly with orbitals on neighbouring atoms and it is there-
fore natural to describe them within the tight binding theory rather than 
the free electron model.  
In practice, the densities of states of the transition metals display a struc-
ture that is characteristic of a given crystal lattice. This structure is mainly 
determined by the interference of the d-orbitals and their mutual orienta-
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tions given by the particular atomic arrangement. For d-orbitals, it is pos-
sible to form three types of bonds for which the angular momentum about 
the bond axis is preserved. In accordance with the molecular orbital theory 
these bonds are called sigma, pi, and delta, and their strengths are charac-
terized by three bond integrals, labelled as dd , dd  and dd . Among them 
the  bond is strongest, since the lobes of the d-orbitals point towards each 
other and overlap most, followed by the  bond where the overlap is still 
significant. The  bond is the weakest of the three, because the lobes of the 
d-orbitals are parallel to each other with only minimal overlapping. The 
ratios of the corresponding bond integrals computed within the canonical 
band theory [146] are as follows: 
: : ( 6) : ( 4) : ( 1)dd dd ddσ π δ = − + −       (2-1) 
Based on the first-principles calculations it was shown that the d-bond in-
tegrals scale roughly as the inverse fifth power of the bond length [99]. 
The angular variations of these integrals as one atom is rotated around the 
other is of fundamental importance in understanding the angular depend-
ence of bonding as discussed in [99]. The actual variations for the d–d in-
teractions can then be specified in terms of directional cosines as the bond 
axis varies [147]. The detailed description of the d-bond integrals in the 
bond-order potential formalism can be found in the literature (e.g., [98, 
148-150]). Within BOP, the binding energy of iron can be written as: 
binding bond rep magE E E E= + +        (2-2) 
where bondE  is the attractive bond energy, repE is a repulsive term repre-
senting electrostatic and overlap repulsions and magE  is the magnetic con-
tribution obtained according to the Stoner model of itinerant magnetism 
[151-153].  




The most important quantities determining bondE  in Eq. 2-2 are the two-
center bond integrals dd , dd , and dd . Their distance dependence is rep-
resented by a continuous analytical function ( )ijrτβ  that takes the general-




( ) ( )( ) exp{ [( ) ( ) ]}a c cij ijn n nij b
c c
r rrr r n
r r rτ τ
β β= −      (2-3) 
where rij is the distance between atoms i and j, r0 the equilibrium separa-
tion of first nearest neighbors, and na, nb, nc and rc are parameters deter-
mined directly from first-principles calculations [155]. The angular de-
pendence of the intersite Hamiltonian matrix elements takes the usual 
Slater-Koster form [147]. 
The magnetic contribution magE  in Eq. 2-2 is crucial for correct descrip-
tion of magnetic iron phases. The Stoner model [151-153] introduces 
magnetism by including the presence of local exchange fields within the 
band energy. A comparison of densities of states (DOS) shows a good 
agreement between k-space TB and BOP for bcc and fcc phases of iron 
[100]. The accurate evaluation of the local DOS is necessary for correct 
determination of the magnetic energy that governs the relative stability of 
different magnetic bulk phases. The physically based description of bond-
ing and magnetism is also crucial for the behaviour of lattice defects such 
Table 2-1. Fundamental properties of the ground-state 
ferromagnetic bcc iron used for fitting of BOP: lattice 
parameter a0 [Å], cohesive energy per atom [eV], and 
elastic moduli [GPa]. 
 
0a cohE 11C 12C 44C
2.85 145.0243.34.40 119.0
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as dislocations that induce changes in bond lengths, bond angles and local 
magnetic moments [100]. The simple pair repulsive term in Eq. (2-2) is 
fitted to reproduce the fundamental properties of the equilibrium bcc fer-
romagnetic Fe (Table 2-1). The magnetic BOP for Fe has been shown 
[100] to reproduce correctly properties of ideal bulk phases as well as var-
ious crystal defects including dislocations. 
In Fig. 2-1 it presents the comparison of the Peierls barriers for the 
a0/2<111> screw dislocation moving between two neighbouring equilibri-
um lattice positions calculated using BOP, FS potential of Ackland and 
Mendelev (AM) [90, 156], and DFT together with an experimental estima-
tion [100]. The AM potential is the only empirical potential that yields the 
non-degenerate core structure for iron. However, as shown in Fig 2-1, it 
predicts a double-hump shape of the energy barrier with a meta-stable dis-
location configuration in the middle, which is unphysical. In contrast to 
 
Figure 2-1. Peierls barriers for the straight a0/2<111> screw dislocation 
moving between two neighbouring sites calculated using BOP, FS poten-























the AM potential, the BOP energy barrier contains a single maximum lo-
cated in the half-way position that agrees both qualitatively and quantita-
tively with the DFT calculations [157] and the experimental estimation 
[158]. Although the minimum energy path obtained from the NEB calcu-
lation can only be used for an estimation of the Peierls stress, it correctly 
reflects the lattice resistance to dislocation motion. As shown in Fig. 2-1, 
the agreement of the energy barriers between BOP and DFT/experimental 
results demonstrates its accuracy and reliability in predicting dislocation 
behaviour.  
 
2.2 Nudged elastic band method 
 
As mentioned in Chapter 1 the activation energy of the kink-pair for-
mation can be determined by the integration of Eq. 1-9 in terms of the re-
action coordinate along which the transformation of the dislocation core 
takes place. The nudged elastic band method is extensively used in our 
calculations to determine such transformations and in the following the 
method will be briefly summarized. 
The phase transition is normally defined as a geometric and topological 
transformation process of a system from one phase to another, each of 
which has a unique and homogeneous physical property. The most im-
portant step involved in studying the phase transition is the knowledge of 
the activation energy barrier and the rate constant. In 1931, Erying and 
Polanyi proposed the transition state theory (TST) in terms of the activa-
tion energy and rate constants for characterizing reactions [159, 160]. In 
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order to simulate a reaction or transition, a potential energy surface (PES) 
that characterizes the process is first generated. Then, a minimum energy 
path (MEP) is computed which represents the transition pathway in the 
reaction coordinate space. Finally, the activation energy and the rate con-
stant that define the speed of the process can be calculated using TST. 
A major challenge in searching MEP is the generation of the potential en-
ergy surface accurately. Reference [161] provides a detailed review of 
available methods to generate the PES characterizing information regard-
ing the interatomic and intermolecular interactions that characterize the 
reaction. The MEP can be interpreted as the steepest descent path on the 
PES connecting the reactant and the product [162]. An important property 
of the MEP is that the direction of the gradient of the potential energy at 
any point on the MEP is the tangent direction along the MEP at that point. 
At the same time, for any degree of freedom perpendicular to the MEP at 
that point, the gradient of the potential energy is zero [162, 163]. Mathe-
matically speaking, on the potential energy surface, the transition state is 
the first-order saddle point located between the local minima, i.e. the reac-
tant and product along the MEP. Once the MEP is generated, the saddle 
point can be extrapolated. Then, using the transition state theory, one can 
estimate the activation energy and the transition rate constant. Various 
numerical methods to search transition paths and saddle points have been 
developed in the recent years (see [164-166] for review). Among them, the 
Nudged Elastic Band (NEB) method [130] and its improvements [128, 
129, 167, 168] have become widely used due to their relative simplicity 
and easy implementation.  
Here we briefly introduce this technique. The NEB method requires that 
the initial and final states are known. A number of intermediate states, 




usually between four and thirty, are iteratively adjusted and finally con-
verge to the MEP keeping the initial and final state fixed. In general, the 
transition path is described by a set of 1P +  images in configuration space 
with reactive coordinates: 
0 1 2[ , , , ]P=R R R R RL         (2-4) 
Images are connected by an imaginary elastic band. The target MEP is a 
group of images where the total forces acting on them reach equilibrium, 
i.e., for any degree of freedom perpendicular to the MEP the energy is sta-
tionary.  
The force acting on each image is a combination of the perpendicular 
component of the true force from the potential energy and the parallel 
component of the spring force projected along the unit tangent vector to 
the path. The force acting on image i is given by: 
||( ) | |
s
i i iV ⊥= −∇ +F R F         (2-5) 
The perpendicular component of the true force is written as: 
ˆ( ) | ( ) ( )i i i iV V V⊥−∇ = ∇ − ∇ ⋅R R R       (2-6) 
The parallel components of spring force can be expressed as:  
|| 1 1 ˆ| (| | | |)
s
i i i i i ik + −= − − − ⋅F R R R R       (2-7) 
where V is the potential energy of the system and k is the spring constant. 
The tangent vector i  is determined by the coordination of the neighbor-
ing images 1i−R , iR  and 1i+R .  
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To reduce the kinks in the MEP, only the adjacent image with higher en-
ergy is used in computing the tangent, unless i is at a maximum or a min-
imum. The tangent vector is calculated as following: 
{ 1 1
1 1
i i i i
i
























         (2-9) 
If the image i is at a maximum or a minimum the tangent vector is calcu-
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     (2-11) 
With the determined forces both parallel and perpendicular to the tangent, 
the elastic band can be relaxed using any optimization algorithm. At each 
iteration, the forces acting on all images are minimized at the same time. 









2.3 Simulation geometry 
 
The atomic simulation block used in our calculations is depicted schemat-
ically in Fig. 2-2 and its main characteristics are given below. The rectan-
gular block is periodic along the z-direction, which coincides with the di-
rection of the [111] dislocation line. The periodic length of the block in 
the z direction equals to the Burgers vector 03 / 2b a=  ( 0 2.85a = Å, the 
lattice parameter of Fe). Therefore, the dislocation in our simulations is 
always straight and infinite without any kinks or jogs. The y-axis is per-
pendicular to the (101)  plane, and the x-axis is perpendicular to the (121)  
plane. In the x and y directions perpendicular to the dislocation line rigid 
 
 
Figure 2-2. Simulation block used in the atomistic calculations. The 
a0/2<111> screw dislocation is introduced in the center according to the an-
isotropic elastic displacement. The inactive region (black) extends effec-
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boundary conditions are used. In this setup, the atoms in the outmost ‘in-
active’ region are kept fixed so that the dislocation is effectively placed in 
an infinite crystal environment. The dimensions of the block in the x and y 
directions are about 20 20×  lattice parameters, which is large enough for a 
single screw dislocation. The a0/2<111> screw dislocation is introduced in 
the center of the perfect lattice by displacing the atoms according to the 
anisotropic elastic displacement field in an infinite medium [52]. In order 
to obtain realistic core structures, the atomic positions in the active region 
of the block are fully relaxed while those in the inactive region are fixed to 
maintain the infinite elasticity field of the screw dislocation. The relaxa-
tion is considered complete when the forces on all atoms fall below 0.001 
eV/Å. In all our calculations, an efficient relaxation algorithm, the fast in-








3.1 Atomistic study of the 1/2<111> screw 
dislocation 
 
As mentioned in Chapter 1, the most prominent features of deformation 
behavior of bcc metals and alloys are the breakdown of the Schmid law 
[42-47], and the rapid increase of the yield and flow stresses with decreas-
ing temperature and increasing strain rate. These macroscopic mechanical 
properties are consequences of intrinsic properties of the a0/2<111> screw 
dislocations at the atomic scale [52-56].  
Fig. 3-1 shows the relaxed core structure of the a0/2<111> screw disloca-
tion in iron computed using the magnetic BOP. The atomic arrangements 
are shown using the differential displacement map [81, 84, 170] in the 
planes perpendicular to the dislocation line. The lengths of the arrows 
connecting atoms correspond to the relative displacements of two neigh-
boring atoms parallel to the Burgers vector. Each of the three longest ar-
rows in the center of the figure corresponds to a relative displacement 
equal to 1/3b, defining a circuit that gives a complete Burgers vector of 
1 2[111] of the dislocation. The same net product can be also obtained for 
any other circuit going around the center of the screw dislocation. The 




core structure is non-degenerate, extended symmetrically on three {110} 
planes, virtually identical to that found in DFT calculations [93-97].  
In addition to the core structure, the magnetic BOP can also reveal the 
changes of the local magnetic moments of Fe atoms. For the a0/2<111> 
screw dislocation these changes are relatively small, since the main struc-
tural changes occur in bond angles rather than in bond lengths. The screw 
dislocation therefore possesses the least distorted core structure relative to 
the perfect lattice among all dislocations. In contrast to the screw disloca-
tion, much larger distortions and much larger changes (decreases) of the 




Figure 3-1. Core structure of the a0/2[111] screw dislocation. The arrows 
are the displacement of two neighboring atoms in the [111] direction 
parallel to the Burgers vector relative to their separation in the perfect 
lattice. The blue shading is used to highlight the form of the core spread-
ing. The coloring of the atoms shows the relative decrease of atomic 
magnetic moments from their bulk value. 
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In this section the mechanical response of the 1 2[111] screw dislocation 
to a series of external loadings will be examined. The purpose is to identi-
fy the stress components that affect the motion of individual screw dislo-
cation and subsequently to quantify their effects on the magnitude of the 
Peierls stress. To study these phenomena at the atomic level, the following 
loadings were applied to the simulation block containing a 1 2[111] screw 
dislocation in its center:  
a) a set of pure shear stresses parallel to the slip direction in different max-
imum resolved shear stress planes, to verify the twinning-antitwinning ef-
fect;  
b) a set of uniaxial loadings in tension and compression with MRSSPs 
corresponding to those in a) to examine the tension-compression asym-
metry;  
c) a set of combined stress tensors with stress components both parallel 
and perpendicular to the slip direction to quantitatively determine the ef-
fects of the stress components on the motion of the dislocation. 
In all calculations, the applied stresses were superimposed on the simula-
tion block by displacing atoms in both the active and inactive regions ac-
cording to the corresponding strain field determined using anisotropic 
elasticity theory [52]. The atoms in the active region were then fully re-
laxed while those in the inactive region were kept fixed to maintain the 
applied stress. The applied stress was increased gradually and full relaxa-
tion was carried out after every stress increment until the dislocation start-
ed to move. 
 





3.1.1 Loading by pure shear stress 
parallel to the slip direction 
The loadings with pure shear stress, which cannot be easily applied in ex-
periments, are the simplest and most direct measurements of the Peierls 
stress that reveal whether the material behaves according to the Schmid 
law. The loading geometries are illustrated in Fig. 2-2. The orientation of 
the MRSSP is defined by the angle  that it makes with the (101)  plane. 
The pure shear stress parallel to the slip direction was applied in different 






=         (3-1) 
σ  is defined in the right-handed coordinate system with the y-axis nor-
mal to the MRSSP, the z-axis parallel to the [111] direction and the x-axis 
lying in the MRSSP. The shear stress  was built up incrementally in steps 
of 0.0005C44, where C44 is the elastic modulus. When the resolved shear 
stress in the MRSSP reached the critical value (CRSS), the dislocation 
started to glide. This “visual” determination of CRSS corresponds to a 
discontinuity on the energy-stress plot, so that an accurate value CRSS can 
be determined unequivocally from the simulations. In order to investigate 
the twinning-antitwinning asymmetry, a set of MRSSPs are chosen as il-
lustrated in Fig. 3-2. Owing to the lattice symmetry, it is only necessary to 
consider 30 30χ− ≤ ≤o o .  
The resulting dependence of the CRSS on the orientation of the MRSSP is 
plotted in Fig. 3-3. For all loadings with pure shear stress parallel to the 
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slip direction, the observed glide plane is the (101)  plane. The Schmid 
law is plotted in the figure as dashed line. If the Schmid law applies, the 
projection of the CRSS onto the (101)  plane should be the same for any 
orientation of the MRSSP and the CRSS should be proportional to cos-1  
as plotted in Fig. 3-3. Not surprisingly, the calculated CRSS-  dependence 
for iron evidently deviates from the Schmid law. The orientations with 
positive and negative  are not equivalent, and the CRSS is higher for pos-
itive than for negative  values. This is the well-known twinning-
antitwinning asymmetry observed in bcc metals both in experiments (e.g. 
[44, 54]) and in other atomistic calculations (e.g. [101]). In our calcula-
tions with positive , the pure shear stresses with 0 30χ≤ ≤o o  bounded by 
(211)  and (101)  planes are in the antitwinning sense while those with 
30 0χ− ≤ ≤o o  bounded by (112)  and (101)  are in the twinning sense. 
 
Figure 3-2. Standard stereographic triangle for which the (101)  
plane is the most highly stressed {110} plane in the [111] zone. Uni-
axial loading orientations are in square brackets and their corre-
sponding MRSSPs are in parenthesis. The angle  is colored by red 
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3.1.2 Loading in tension and compression 
Experimentally, iron shows not only the twinning-antitwinning asymmetry 
but also the tension-compression asymmetry, which is again the conse-
quence of the non-planar core structure of the a0/2<111> screw disloca-
tion. In simulations, the tension and compression loadings are important 
tests, since they can disclose whether or not the shear stress parallel to the 
slip direction is the only stress component that affects the dislocation mo-
tion. Such simulations can be also directly compared to experimental re-
sults as most experiments are performed under uniaxial loadings. 
The loading orientations for tension investigated in our study are shown in 
Fig. 3-2 as solid circles. The MRSSP of each of these uniaxial loadings 
corresponds to the MRSSP which has been used in the previous section 
 
Figure 3-3. Dependence of the CRSS on the orientation of the 
MRSSP, , for loadings by pure shear stress parallel to the slip direc-
tion in the MRSSP (circles), in tension (up-triangles) and compres-
sion (down-triangles). 
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for the pure shear loadings with only shear stress parallel to the slip direc-
tion. One should note that with the same loading direction the signs of the 
shear stress components parallel to the slip direction are reversed for ten-
sion and compression. It means that when comparing the compression re-
sults to those of tension, the sign of  should also be reversed. The reason 
is the twinning-antitwinning asymmetry: the CRSS depends on the sense 
of the shearing so that changing the sign of the shear stress components 
parallel to the slip direction is equivalent to changing the sign of  while 
keeping the shear stress fixed.  
The critical value of the uniaxial loadings projected on the MRSSP paral-
lel to the [111]  direction can be directly compared to the CRSS deter-
mined with pure shear stress parallel to the slip direction in the last sec-
tion. The purpose is to verify whether the CRSSs are the same for the pure 
shear loadings and the uniaxial loadings with the same . If they are the 
same - no other stress component affects the CRSS; if they are not the 
same, other components of the stress tensor influencing the Peierls stress 
can be qualitatively determined. Such analysis was first performed by Ito 
and Vitek [89] for molybdenum and tantalum using the FS potential, and 
more recently by Gröger et al. [101] for tungsten and molybdenum using 
BOP. Both studies confirmed that the shear stress perpendicular to the slip 
direction indeed strongly affected the glide of the screw dislocation in bcc 
metals. 
Our results for Fe, displayed in Fig. 3-3, show that for a given  the CRSS 
for compression is always considerably higher than that for tension and 
the CRSS for the pure shear loading lies in between. This confirms that 
it’s the same for iron, the glide of the screw dislocation is significantly 
affected by other stress components, which make the screw dislocation 




either easier to glide (in tension) or harder (in compression). For all load-
ings in tension the screw dislocation glided on the (101)plane, which is 
also the glide plane for loadings with pure shear stress parallel to the slip 
direction. For most loadings in compression (the solid down-triangles in 
Fig. 3-3), the glide plane changes from (101)  to (110) , although the 
Schmid factor is two times higher on the former slip system. This indi-
cates that the shear stress perpendicular to the slip direction strongly af-
fects the dislocation core and makes its glide easier on the inclined {110} 
planes of the [111] zone.  
The empty triangles in Fig. 3-3 present special cases. With compression in 
[012] direction, the first jump of the screw dislocation was not a single 
elementary step on a {110} plane but a multi-step motion, seemingly on 
the (211)  plane. A careful analysis of the atomic structures however 
showed that such glide is a combination of alternating jumps on two 
 
 
Figure 3-4. Differential displacement plot for the slip core structure, 
induced by high non-Schmid stress components in compression. The 
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{110} glide planes. A calculation with smaller increment of the loading 
step confirmed that two glide planes, (101)  and (110) , were activated one 
after the other, so that the elementary motion is always of {110} type and 
no direct jump of the screw dislocation along the (211)  plane occurs. 
For loadings in compression with 19χ = + o  or 26+ o  the dislocation core 
structure markedly changes at the applied stress of about 0.05C44. The 
large non-Schmid stresses cause the core to extend significantly on the 
inclined (110)  plane (Fig. 3-4). The CRSS to move this extended core is 
so high that other slip systems will be activated before such stress level is 
reached (see later).  
The CRSS for uniaxial loadings with various directions in Fig. 3-3 con-
firmed the experimentally observed tension-compression asymmetry [44]. 
Most importantly, these simulations show that the shear stress components 
other than those parallel to the slip direction significantly affect the glide 
of the screw dislocation. In the following, this aspect of dislocation behav-
ior will be investigated in detail, using loadings with both shear stress par-
allel and perpendicular to the slip direction. 
 
3.1.3 Loading by shear stress perpendicular to 
the slip direction combined with shear 
stress parallel to the slip direction 
Previous atomistic studies on bcc metals [53, 89, 101, 170] have shown 
that the influences on the CRSS by the shear stress perpendicular to the 
slip direction are related to changes of the core structure induced by these 
non-Schmid stresses. For example, the change of the dislocation core in 
bcc molybdenum under shear stress perpendicular to the slip direction 




with  = 0 was examined in [101]. The authors showed, that the core either 
extends or constricts on the glide planes in the [111] zone, depending on 
the magnitude and direction of the non-Schmid stresses. As a conse-
quence, the motion of the dislocation was either promoted or suppressed, 
e.g., the CRSS will increase if the core is constricted on the glide plane 
and, vice versa, it will decease when the core extends along the glide 
plane. The same explanation applies also for iron, and it will be discussed 
in detail in Chapter 4. 
In order to investigate the dependence of the CRSS on the magnitude of 
the shear stress, , perpendicular to the slip direction, a set of simulations 
of the a0/2[111] screw dislocation, subjected to simultaneous loading by 
various combination of shear stresses both parallel and perpendicular to 










=        (3-2) 
This stress tensor is similar to that in Eq. 3-1, except of the presence of the 
additional diagonal stress components ± , which represent the shear 
stresses perpendicular to the [111] direction in the coordinate system ro-
tated by 45− o  around the z-axis.  
By reducing the stress tensor, e.g. of uniaxial loadings, into the format of 
Eq. 3-2 with only shear stresses parallel and perpendicular to the slip di-
rection, it can be verified that only the shear stresses parallel and perpen-
dicular to the slip direction determine the motion of the dislocation and, 
all other non-zero stress components, e.g. hydrostatic stress [171], have no 
effect on the dislocation motion. If this is indeed so, the results should be 
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identical to (or at least very similar to) the CRSS-  relationship obtained 
for the uniaxial loadings in tension and compression described in the pre-
vious section. 
The application of the combined stress tensor in Eq. 3-2 was again done in 
several steps. First, for a given  the shear stress  perpendicular to the slip 
direction was superimposed on the block according to the elasticity theory. 
Then the shear stress  was built up incrementally in steps of 0.0005C44, 
until the resolved shear stress in the MRSSP reached the CRSS and con-
sequently the dislocation started to move. By repeating this process with 
different values of , the dependencies of the CRSS on the shear stress 
perpendicular to the slip direction are obtained for  values corresponding 
to the orientations investigated in the uniaxial loadings.  
Fig. 3-5 shows the dependences of the CRSS on  for five MRSSP orienta-
tions, which are the (213)  plane with 19χ = − o , the (516)  plane with 
9χ = − o , the (101)  plane with 0χ = o , the (615)  plane with 9χ = + o , and 
the (312)  plane with 19χ = + o . For all of these orientations, the CRSS is 
lower for positive  than that of  = 0, and in this region the dislocation 
always glides on the (101)  plane. In contrast, negative  makes the glide 
on the (101)  plane more difficult. In the region of negative , the CRSS 
increases with decreasing  until the glide plane changes from the (101)  
plane to the (011)  plane. The transitions of the glide plane are indicated 
by the arrows in the bottom of Fig. 3-5. When 440.01Cτ ≈ − , two slip sys-
tems, (101)[111]  and (011)[111], become activated for orientations corre-
sponding to 0χ = o , 9− o , and 19− o  . For these loadings, the motion of the 
screw dislocation is therefore expected to be composed of alternating ele-




mentary jumps on neighboring {110} planes, leading to macroscopic glide 




Figure 3-5. Dependence of the CRSS on the shear stress perpendicular to 
the slip direction, , for different MRSSPs with (a) 0χ = o , (b) 9χ = ± o ,  
and (c) 19χ = ± o . Triangles correspond to the uniaxial loadings. 
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Fig. 3-5 also contains the CRSS-  results, labeled as triangles, from the 
corresponding uniaxial loading simulations described in Section 3.1.2 (cf. 
Fig. 3-3). The shear stress  perpendicular to the slip direction and its cor-
responding CRSS were extracted from the general stress tensor of uniaxial 
loadings. It should be noted that only the deviatoric part of the stress ten-
sor should be taken into account when evaluating the CRSS and , since 
the hydrostatic stresses do not affect the dislocation motion [171]. Then 
the results from uniaxial loadings can be directly compared with the 
CRSS-  dependence obtained using the combined stress tensor in Eq. 3-2 
with shear stresses both parallel and perpendicular to the slip direction. It 
can be seen from Fig. 3-5 that there is a good agreement between them. 
This agreement confirms that for any loading only two shear stress com-
ponents, those parallel and perpendicular to the slip direction, determine 
the motion of the a0/2<111> screw dislocation in Fe.  
As a brief conclusion for the static atomistic studies, our simulations show 
that the CRSS of the a0/2[111] screw dislocation depends only on two fac-
tors: the orientation of the slip system given by  and the non-Schmid 
shear stresses given by . The physical origins of these effects will be dis-
cussed in detail in Chapter 4.1. 
 
3.2 Yield criterion for single crystal 
 
Despite the fact that the onset of the plastic deformation is determined by 
properties of single dislocations, engineering calculations are based on 
continuum yield criterions that represent the microscopic behavior by few 




fundamental parameters. The early framework of the continuum descrip-
tion for single crystal plasticity was developed by Hill [103] and Rice 
[104]. These theories are commonly based on the Schmid law for close-
packed fcc and hcp metals. However, it was shown by atomistic simula-
tions in the last section that for iron the non-Schmid stress, i.e. the stress 
components perpendicular to the slip direction which do not drive the dis-
location glide in the slip plane, also affect the CRSS. This indicates the 
common continuum model assuming Schmid-type plastic behaviour is not 
well suited for bcc iron. Thus, in the current section an appropriate yield 
criterion will be formulated that accommodates to the effects of both the 
shear stresses parallel and perpendicular to the slip direction. This is done 
following the works of Qin and Bassani [107, 108] and Gröger [109]. As 
the next step, the constructed yield criterion will be employed to deter-
mine the yield surface and compare the results to those obtained with 
Schmid law. 
 
3.2.1 24 slip systems in bcc metals 
Owing to the lattice symmetry the atomistic results obtained in the last 
section are also applicable for the other two glide planes, i.e. the (011)  
and (110)  planes, in the [111] zone if one rotates the coordinate system 
and the loading around the [111] direction (z-axis) by ±2 /3. Furthermore, 
in any bcc crystals there are four equivalent {111} directions and in each 
of them three independent {110} glide planes exist [52, 54]. In addition, 
the positive and negative slip directions need to be distinguished due to 
the twinning-antitwinning asymmetry [44, 53]. A convenient way to cap-
ture this effect is to change the sign of  while keeping the sense of the 
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shear fixed. This increases the number of {111} directions from four to 
eight. Thus, there are in total 24 {110}<111> reference systems, in which 
only loadings with positive shear stress parallel to the slip direction need 
to be considered. The complete list of these slip systems was given in 
[109] and is presented it in Table 3-1 for later use. Note that the systems 
13 to 24 are conjugate to the systems 1 to 12. A pair of systems  and  + 
12 have identical glide plane but opposite slip direction.  
The derivation of the yield stress for iron single crystal is performed in the 
following way: first a particular {110} reference plane is defined in the 
zone of the slip direction from which the angle of the MRSSP, , and the 
angle of the slip plane, , can be measured. Each of the 24 reference sys-
tems defined by a reference plane and a slip direction can be determined in 
Table 3-1. The 24 slip systems in bcc crystals.  
 
1 (011)[111] [110] 13 (011)[111] [101]
2 (101)[111] [011] 14 (101)[111] [110]
3 (110)[111] [101] 15 (1 10)[111] [011]
4 (101)[111] [110] 16 (101)[111] [01 1]
5 (011)[111] [101] 17 (011)[111] [110]
6 (110)[111] [011] 18 (110)[111] [101]
7 (011)[1 11] [110] 19 (0 11)[111] [101]
8 (101)[111] [011] 20 (101)[11 1] [110]
9 (110)[111] [101] 21 (110)[111] [011]
10 (101)[1 11] [110] 22 (101)[111] [011]
11 (011)[111] [101] 23 (011)[111] [110]
12 (110)[111]  [011] 24 (110)[111] [101]
α ( )[ ]α αn m 1[ ]αn α ( )[ ]α αn m 1[ ]αn




the same way. If one neglects the interactions between dislocations, the 
motion of each individual dislocation is governed by the same CRSS χ−
and CRSS τ− dependencies obtained for the isolated a0/2[111] dislocation 
from the atomistic simulations. To apply these dependencies to any refer-
ence system, the angle αχ  of the MRSSP in the zone of the corresponding 
<111> slip direction is required to lie within the 30± o  angular region 
measured from the respective {110} reference plane. Additionally, it is 
required that the shear stress parallel to the slip direction resolved in each 
of these MRSSP, ασ , is positive. Consequently, there are only 4 out of the 
total 24 reference systems satisfying all requirements, which can be acti-
vated for slip by the applied stress. For the opposite sense of loading, the 
four reference systems are sheared in the opposite sense and thus the 4 slip 
systems that can be activated change to the conjugate ones (cf. Table. 3-1). 
The atomistic study of the a0/2[111] screw dislocation in the last chapter 
indicated that the relationship between the CRSS and  is unique for a giv-
en , independently of the loading history how the corresponding shear 
stresses  and  were attained. The dependences of CRSS on  were 
achieved for a set of discrete  values ( 26− o , 19− o , 9− o , 0o , 9+ o , 19+ o  
and 26+ o ) in our studies (Fig. 3-5). For each of the four reference systems 
, the shear stresses parallel and perpendicular to the slip direction, asso-
ciated with a certain loading, can be determined as a stress pair, ( , )α ασ τ . 
Since all a0/2<111> dislocations are equivalent, the shear stresses ( , )α ασ τ  
of the four {110}<111> slip systems can now be directly compared with 
atomistic results obtained for the isolated a0/2[111] dislocation. One 
should note, in order to develop a complete description of the yielding of a 
single crystal, the simulations performed in Chapter 3.1.3 have to be re-
peated for all  values between 30− o  and 30o . Then for any loading, the 
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shear stress components parallel and perpendicular to the slip direction 
can be extracted into the corresponding MRSSP coordinate system and 
then used to determine the commencement of the dislocation motion in 
each of these 24 slip systems [109]. Here this process is demonstrated us-






Figure 3-6. Evolution of the same loading in two different {110}<111> 
slip systems. Squares correspond to the atomistic data calculated for a 
single a0/2[111] dislocation in Section 3.1.3. The points A and B in the 
two panels correspond to the yield point in the two slip systems. 
 












































Let us consider a reduced stress tensor in the format of Eq. 3-2, with both 
shear stresses parallel and perpendicular to the slip direction and  = 0, 
applied on the slip system (101)[111]  (  = 2). The corresponding CRSS-  
dependence is shown in Fig. 3-5(a). Obviously, when  is close to zero, 
(101)[111]  is the primary slip system. However, as the magnitude of  in-
creases the shear stresses, both parallel and perpendicular to the slip direc-
tion, evolve also in other slip systems. For a given loading, the loading 
path which defines a unique dependence of  and , in each slip system 
is different, e.g., with unique /α α αη τ σ=  (note αη  are usually not the 
same in different slip systems). For example in Fig. 3-6(a), the loading 
path with 2 = 2.26 in the (101)[111]  slip system ( 2α = ) is plotted as the 
straight line passing through the origin and extending towards the points 
representing the dependence of the CRSS on  for  = 0. If only a0/2[111] 
dislocations were gliding, the (101)[111]  system would become operative 
at the point where this line intersects the CRSS-  dependence, i.e. at the 
point marked as B. However, if dislocations with Burgers vector other 
than [111] but, for example, [111]  are considered, while the loading in the 
(101)[111]reference system proceeds along the path shown in Fig. 3-6(a), 
another reference system, (011)[111]( 5α = ), in which the orientation of 
the MRSSP corresponds to 9χ = − o , is subjected to the shear stress pairs, 
5 and 5, that evolve along the loading path 5 = -0.19. This path is shown 
as a straight line in Fig. 3-6(b) passing through the origin. The path was 
determined employing the procedure outlined previously using the re-
duced stress tensor translated into the corresponding MRSSP coordinate 
system in the format of Eq. 3-2. As already emphasized, the CRSS-  de-
pendence achieved in atomistic simulations is the same for every system 
3.2  Yield criterion for single crystal     
 
51
. This means that the CRSS-  dependence with 9χ = − o  for the 1 2[111] 
dislocation [see Fig. 3-5(b) in Chapter 3.1.3] can be directly applied to the 
1 2[111] dislocation with the same MRSSP angle.  The system (011)[111]  
becomes operative at the point where the loading path in Fig. 3-6(b) inter-
sects the CRSS-  dependence, i.e. at the point marked A. We see as the 
loading increasing from zero, it reaches first point A, which corresponds 
to the critical yield point in the slip system 5α = . Consequently, the 
(011)[111]  system will become operative before the (101)[111]  system, 
and it is thus the active slip system for the loading considered.  
The above example applies only for the particularly designed loading, for 
which the previous atomistic data (Fig. 3-5) can be utilized. Nevertheless, 
it has to be mentioned that the analysis proves that the CRSS-  depend-
ences from the atomistic simulations can be used to estimate the yielding 
point for any type of loading. However, when considering an arbitrary 
loading, this procedure is extremely computational expensive since the 
CRSS-  dependences for all  values have to be established from the atom-
istic calculations. Instead, it is much more efficient and intelligent to for-
mulate an analytical yield criterion that applies to all 24 {110}<111> slip 
systems and can reproduce with sufficient accuracy the achieved atomistic 
results.  
The Schmid law is the simplest yield criterion, which is well established 
for plastic deformation of fcc and hcp metals. When only the shear stress 
component in the slip direction determines the yielding, the plastic flow is 
called associated and the criterion is virtually the Schmid law. However, if 
other stress components, which do not directly drive the dislocation glide 
in the slip plane, also affect the yielding and the plastic flow, the flow is 
called non-associated. To accommodate such non-Schmid behavior, Qin 




and Bassani [107, 108] proposed a generalized Schmid law in which the 
stress components other than the Schmid stress also enter the yield criteri-
on. This generalization of the Schmid law showed its accuracy in predict-
ing the tension-compression asymmetry and the orientation dependence of 
the CRSS observed in L12 intermetallic compounds. Following this work, 
a yield criterion employing two shear stresses parallel to the slip direction, 
resolved on two {110} planes in the same <111> zone, was used to repro-
duce the twinning-antitwinning asymmetry obtained from the atomistic 
studies using both central-force many-body potential and BOP for molyb-
denum [172, 173]. Based on these studies, Vitek [174] and Gröger [109] 
formulated a general form of yield criteria for the non-associated flow in 
bcc metals. In order to capture the dependences of the CRSS on both the 
loading orientation and on the stress components other than those parallel 
to the slip direction, the analytical yield criterion comprises two shear 
stresses parallel and two shear stresses perpendicular to the slip direction, 
both resolved in two different {110} planes of the [111] zone. This ap-
proach was illustrated in [109] and reproduced both the twinning-
antitwinning and the tension-compression asymmetries observed experi-
mentally and atomistically (for more details see [101, 109]). 
In the following, the analytical yield criterion will be developed for the 
yielding and the plastic flow in iron which will reproduce closely the de-
pendences of the CRSS on  and  obtained from the atomistic simulations 
for iron. This yield criterion can be employed to determine the yield sur-
face projected onto the CRSS-  plot and compared to the atomistic results 
to verify its accuracy. Furthermore, the results can be used to predict the 
active slip systems that operate for any loading conditions at 0K.  
 




3.2.2 Construction of analytical yield 
criterion 
From the atomistic results obtained in Chapter 3.1.3, one can see that for a 
given  the CRSS depends to a good approximation linearly on . This in-
dicates that a linear yield criterion can be formulated to reproduce the at-
omistic data. In 2008 Gröger et al. [109] formulated a general form of 
yield criterion for the non-associated flow in bcc metals. This general 
yield criterion is able to capture both the  and  dependence of the CRSS 
by including two shear stresses parallel and two shear stresses perpendicu-
lar to the slip direction, both resolved in two different {110} planes of the 
[111] zone. For the a0/2[111] screw dislocation, this general yield criterion 
is written as: 
(101) (0 11) (101) (0 11) *
1 2 3 cra a aσ σ τ τ τ+ + + =     (3-3) 
where {110}σ  and {110}τ  are the shear stresses parallel and perpendicular to 
the slip direction, resolved in the corresponding {110} planes. One should 
note that the selection of the second {110} plane, other than the (101)  
primary glide plane, can be arbitrary. Different choices may lead to differ-
ent fitting results, but the overall outcome of the criterion remains inde-
pendent of this choice. The first term in Eq. 3-3 corresponds to the stress 
that drives the dislocation to move in the (101)  glide plane. By neglecting 
the remaining terms on the left, Eq. 3-3 simply reduces to the Schmid law: 
(101) *
crσ τ=          (3-4) 
so that (101)σ  is commonly called as the Schmid stress. In contrast, the 
other stresses (011)σ , (101)τ  and (011)τ  in Eq. 3-3 affect the structure of the 




dislocation core but do not directly exert any driving force on the disloca-
tion. These stresses are therefore referred as the non-Schmid stresses. The 
second term, (011)σ , is the shear stress parallel to the slip direction in the 
(011)  plane and, together with (101)σ , reproduces the effect of the twin-
ning-antitwinning asymmetry on the CRSS. The yield criterion employing 
only the first two terms was employed earlier in [172, 173] and success-
fully reproduced the twinning-antitwinning asymmetry obtained from the 
results of the atomistic studies for molybdenum. The third and fourth 
terms are two shear stresses perpendicular to the slip direction in two 
{110} planes.  
The coefficients a1, a2, and a3, as well as *crτ  in Eq. 3-3 are parameters 
which are determined by fitting the yield criterion to the dependences of 
CRSS on  and  obtained from atomistic calculations. Typically, a1 and 
*
crτ  are fitted first using the CRSS vs.  dependence under loadings with 
pure shear stress parallel to the slip direction on different MRSSPs. In this 
case Eq. 3-3 reduces to: 
(101) (0 11) *
1 craσ σ τ+ =        (3-5) 
The two shear stresses in Eq. 3-5 can be written in terms of the CRSS and 
the MRSSP orientation :  
(101) cosCRSSσ χ=        (3-6)  
 and  
(0 11) cos( / 3)CRSSσ χ π= +       (3-7) 
Then for a given  the corresponding CRSS can be determined as: 













     (3-8) 
Parameters a1 and *crτ  are then obtained by the least squares fitting of 
CRSS vs.  dependence. It can be seen in Fig. 3-7 that Eq. 3-5 and Eq. 3-8 
reproduce very closely the atomistic data for all values of . 
In the second step, keeping a1 and *crτ  fixed, the parameters a2 and a3 are 
determined by fitting the CRSS vs.  dependence found in the atomistic 
calculations using the combined stress tensor with shear stresses perpen-
dicular and parallel to the slip direction (cf. Fig. 3-5 in Chapter 3.1.3). In 
this case,  
(101) sin(2 )τ τ χ=         (3-9) 
and  
(0 11) cos(2 / 6)τ τ χ π= +        (3-10) 
 
 
Figure 3-7. Fitting to the twinning-antitwinning asymmetry (curve) 
and the atomistically calculated CRSS for pure shear stress parallel 
to the slip direction (circles). 
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  (3-11) 
The coefficients a2 and a3 are again determined by the least squares fitting 
of this relation to the CRSS vs.  dependencies calculated with various . 
In [109] the yield criterion for molybdenum and tungsten was fitted to at-
omistic data for 44| / C | 0.02τ ≤  and only three orientations of the MRSSP, 
namely 0χ = o  and 9χ = ± o . The reason for using this limited range of at-
omistic data was two-fold. First, the CRSS vs.  dependences for Mo and 
W were linear only for 44| / C | 0.02τ ≤ . Second, the fitting data used were 
limited to those for which the dislocation glided on the (101)  plane. The 
limitation of yield criterion fitted to such reduced data set is that it can 
hardly produce correctly the CRSS for the anomalous slip, for which the 
angle between the MRSSP and real slip plane is larger than 30o . For ex-
ample, in the atomistic simulations in Chapter 3.1.3, when the shear stress, 
, perpendicular to the slip direction is smaller than 440.02C− , the disloca-
tion glides on the (011)  plane instead of the most highly stressed (101)  
plane. In this case the angle between the MRSSP and the glide plane is 
larger than 30o . It therefore requires the yield criterion to cover not only 
the glide on the primary (101)  plane but also the anomalous slip on the 
other {110} planes in the [111] zone. Since the CRSS for iron with all 
MRSSP orientations in our atomistic simulations present a good linear de-
pendence on , even when   -0.02C44 where the slip plane changes to the 
(011)  plane, it allows us to fit to all the atomistic data with -0.04C44    
0.04C44. Moreover, our fitting database includes five MRSSP orientations 
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instead of three, namely 0χ = o , 9χ = ± o  and 19χ = ± o  (Fig. 3-8). The an-
gle between the MRSSP and the glide plane, , is no longer limited by 
30 30χ− ≤ ≤o o  but extends to 90 90χ− ≤ ≤o o . For anomalous slips in Fig. 
3-5, the MRSSP orientations are determined as: 
(011) (101)
3
πχ χ= − −        (3-12) 
where (101)χ  is the angle between the MRSSP and the (101)  plane in the 
[111] zone. The positive direction of  used in Eq. 3-12 is defined accord-
ing to the twinning-antitwinning asymmetry, e.g., the positive shear stress 
parallel to the slip direction in the zone bounded by the (011)  and (101)  
planes are in twinning sense where  should be negative. The coefficients 
 
Figure 3-8. Fitting of the full yield criterion in Eq. 3-3 (dashed surface) 
to the atomistic data (dots). 
Table 3-2. Coefficients in the yield criterion (Eq. 3-3) for 



























a1, a2, and a3, as well as *crτ  entering the yield criterion Eq. 3-3 for iron, 
which were determined as described above, are listed in Table. 3-2. 
The generalized yield criterion presents a convenient and efficient way to 
predict the yielding of the iron single crystal at 0K. However, since the 
accuracy of the yield criterion in reproducing the atomistic results is criti-
cal for all subsequent calculations that are based upon it, it is necessary to 
perform an extensive validation tests. In Fig. 3-9, the predicted yielding 
surfaces for the commencement of the motion of the a0/2[111] screw dis-
location are plotted by dashed lines for five MRSSP orientations, namely 
0χ = o , 9χ = ± o  and 19χ = ± o , together with atomistic results shown by 
symbols. Each point on the yielding surface corresponds to a pair of criti-
cal stresses ασ  and ατ  in the MRSSP-  graph at which the dislocation 
starts to glide. At the crossing points of the dashed lines, the slip systems 
change between  = 2 (right) and  = 13 (left). It can be seen that the 
agreement between the predictions of the yield criterion and the atomistic 
 
Figure 3-9. Comparison between the predictions from the yield crite-
rion (dashed lines) and results from the atomistic calculations (points), 
for 0χ = o , 9χ = ± o  and 19χ = ± o . 
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results is very good, not only for the magnitudes of the CRSS but also for 
the slip planes. This implies that both the normal slip on the (101)  prima-
ry glide plane and the anomalous slips on the inclined {110} planes can be 
reproduced reliably by our yield criterion. 
 
3.2.3 Yielding polygons for single crystal 
The yield criterion formulated in the last section can be used to obtain the 
CRSS vs.  dependencies for real single crystals of iron. Since any of the 
24 {110}<111> systems could be activated, the yielding can be regarded 
as the first commencement of the dislocation motion on the most favora-
ble slip system. In order to identify this slip system and its CRSS value, 
the MRSSP for the eight distinct slip directions need to be determined first 
using the following formula 
MRSSP [( ) ]α α α α= × ⋅ ×n l b l       (3-13) 
where MRSSPαn , αl , αb , and  are the directions of the MRSSP normal, the 
dislocation line, the Burgers vector and the externally applied stress tensor 
respectively. The function in the square bracket is the Peach-Koehler force 
[52, 175] which drives the dislocation to move. The externally applied 
stress tensor needs to be transformed into the right-handed MRSSP  coor-
dinate system with the z-axis parallel to the corresponding <111> direction 
( αl  or αb ), the y-axis parallel to the direction of the MRSSP (
MRSSP
αn ), and 
the x-axis in the MRSSP  (or parallel to the direction of the Peach-Koehler 
force). In general, all components of the transformed stress tensor can be 
nonzero. However, as already proved by the atomistic studies, the only 
stress components affecting the glide of the screw dislocations are the re-




solved shear stresses  and , parallel and perpendicular to the slip direc-
tion of the reference system , respectively. Hence, the full transformed 












=       (3-14) 
which contains only the values of  and  that enter the yield criterion. 
As explained above, only positive shear stresses parallel to the slip direc-
tions are considered, thus all reference systems for which ασ  are negative 
are excluded. This means that only four slip directions remain in the sub-
sequent analysis. As the applied loading  increases from zero to the crit-
ical value (at which the crystal yields), the shear stresses  and  develop 
accordingly. The stress tensor ( )α αχ  then defines a unique dependence 
of  and , which is called the loading path characterized by /α α αη τ σ=
. Since for a given  the CRSS  depends only on the value of  and not 
on the history how the corresponding combination of  and  was 
achieved, the yielding criterion can be expressed using the ratio  as: 
*
1 2 3cos cos( / 3) [ sin(2 ) cos(2 / 6)]
crCRSS
a a aα α α α α α
τ
χ χ π η χ χ π
=
+ + + + +
(3-15) 
The angle  is the angle the MRSSP makes with the corresponding {110} 
reference plane for a glide system . Note that the range of this angle is no 
longer limited by 30 30χ− ≤ ≤o o  but 90 90χ− ≤ ≤o o  to accommodate pos-
sible anomalous slips. The sign of  is defined according to the sense of 
the shearing, i.e.,  < 0 corresponds to shearing in the twinning sense 
while  > 0 corresponds to shearing in the antitwinning sense. This defi-
nition conforms to that used in the atomistic studies in the last section 
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where  = 2. Then a reference system  is considered to become activated 
when  increases to the CRSS . The system with the lowest critical load-
ing is the active slip system on which the plastic deformation commences 
first. 
To develop a complete description of the yielding of a single crystal, the 
procedure described above has to be repeated for all possible loading 
paths, i.e. -  <  < + . For each loading path four reference systems, each 
associated with a distinct slip direction, are evaluated, and for every slip 
system the yielding point (a pair of critical stresses ασ  and ατ  in the 
MRSSP-  graph) is determined. In order to obtain a clear view of the 
yielding, it is convenient to project the yielding points for systems other 
than (101)[111]  into the CRSS-  graph for the (101)[111]  reference sys-
tem. The point on the straight loading path  starting from the origin of the 
CRSS-  graph that is closest to the origin marks the stress that causes the 
primary {110}<111> system to become activated, or, equivalently, the 
stress at which the single crystal starts to deform plastically. The lines 
connecting the points of minimum CRSS along all loading paths then 
compose the yield polygon, which is the projection of the yield surface on 
the MRSSP-  graph for a certain  in system . This analysis can be car-
ried out for each of the 24 slip systems in any orientation of MRSSP.  
In Fig. 3-10, the critical points marking the onset of activation, predicted 
following the procedure described above, are plotted for 0χ = o , 9χ = ± o  
and 19χ = ± o  in the slip system (101)[111]  (  = 2). The colors are used to 
distinguish between different slip systems. The projections of the yield 
surface on these MRSSP-  graphs are the inner polygons surrounded by 
the solid lines.  
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We see from these plots how the glide plane changes for different loading 
paths, . If the magnitude of the shear stress perpendicular to the slip di-




Figure 3-10. The yield surfaces projected on the  (101)[111]   slip sys-
tem for 0χ = o , 9χ = ± o  and 19χ = ± o , for all slip systems distin-
guished by different colors (legend bar). The inner solid polygons in-
dicate the active slip systems predicted by the yield criterion while the 
dashed one is from the Schmid law. The black dots are the atomistic 
results in Secction 3.1.3. 
 














































coincides with the most highly stressed (101)[111]  system. However, as 
| |τ  becomes larger, other {110}<111> systems become dominant. Since 
the values of  at which the plastic deformation of real crystals takes place 
are bounded by the yield polygon, |  | can never be larger than ~0.03C44. 
If the loading path falls within a close vicinity of the corners of the inner 
polygon, more slip systems become activated simultaneously and a multi-
ple slip occurs. For example, in the atomistic simulations in Section 3.1.3 
[see Fig. 3-5(a)] two slip systems, namely  = 2 and 13, are observed to be 
activated simultaneously under loading with  = 0 and  ~ -0.01C44. This 
feature is correctly predicted by our yield criterion in Fig. 3-10(a) where 
the purple dot line (  = 2) intersects with the green dot line (  = 13) at one 
of the corners of the yield polygon where  ~ -0.01C44.  
For illustration, it also shows by dashed lines how the projection of the 
yield surface looks if the effective yield criterion reduces to the Schmid 
law. In this case, the CRSS for the most highly stressed (101)[111]  system 
is independent of . At larger , the yield polygon is bounded by the in-
clined critical lines that correspond to different reference systems other 
than (101)[111] . These critical lines are inclined because of the projection, 
which does not mean that the CRSS is a function of  at large . Since the 
(101)  plane is a mirror plane in bcc crystals, the Schmid-law yield surface 
projected in the CRSS-  graph for  = 0 is completely symmetrical with 
respect to  = 0. In comparison, the yield polygons for 9χ = ± o  are not 
symmetrical with respect to  = 0 since their MRSSP are no longer coinci-
dent with the (101)  mirror plane. However, since the Schmid factor is an 
odd function of the MRSSP orientation, the yield polygons predicted us-
ing only the Schmid law for 9χ = ± o  are mirror images of each other. All 
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these symmetries are broken in iron if the non-Schmid stresses are consid-
ered. As shown in Fig. 3-10 as a consequence of the twinning-
antitwinning asymmetry and the strong effect of the shear stresses perpen-
dicular to the slip direction, the real yield behavior in single crystal iron is 
much more complex than that predicted from the Schmid law. 
Up to now following the atomistic simulations on the motion of a single 
a0/2[111] screw dislocation in bcc iron presented in section 3.1, we stud-
ied the macroscopic yielding of single crystals containing a0/2<111> 
screw dislocations with all possible Burgers vectors based upon the yield 
criterion, which can closely reproduce the atomistic results. The construct-
ed yield criterion shows its ability in predicting the commencement of the 
motion of the a0/2<111> screw dislocations under external loadings at 0 
K. One should note the yield criterion did not include any temperature ef-
fects. However it has been proved experimentally that the temperature de-
pendence of the yield stress is very important in plastic deformations of 
bcc metals. Thus in the next section a link between the achieved results at 
0 K and the thermally activated motion of the a0/2<111> screw disloca-
tions will be developed. 
 
3.3 Thermally activated motion 
of screw dislocation 
 
According to the atomistic studies, owing to the non-planar core structure 
of the a0/2<111> screw dislocations, the lattice resistance is very high at 0 
K compared with that of dislocations in face-centered cubic metals [26, 




44, 53, 56, 81, 82, 170, 176, 177]. This indicates a strong Peierls barrier 
between two neighboring stable sites of the periodic lattice that the dislo-
cation has to overcome [52, 110-113]. The Peierls stress determined from 
the static atomistic calculations presents the limiting value at zero temper-
ature. However, it is observed experimentally that the yield stress decreas-
es with increasing temperature. In the following, we will concentrate on 
the motion of the screw dislocations at finite temperatures between 0 K 
and the critical temperature Tk.  
As mentioned in Chapter 1, in this region the Peierls barrier for the 
straight dislocation can be surpassed with the aid of thermal activation via 
nucleation of kink-pairs, which subsequently migrate relatively easier 
along the dislocation line [52, 120, 121], so that a part of the energy need-
ed to activate the dislocation is supplied by thermal fluctuations. This part 
of energy used in the formation of the kink-pairs is called activation en-
thalpy, which is a function of the applied stress according to the transition 
state theory of thermally activated processes [122-124]. One way to obtain 
the activation enthalpy in terms of stress is to investigate the activation 
path between two neighboring stable positions of the screw dislocation 
using the NEB method (for example [131-134]). An alternative approach 
is to study the glide of the a0/2<111> screw dislocations at finite tempera-
tures by means of molecular dynamic simulations [91, 92, 133, 135, 136]. 
However, as discussed already in Chapter 1, both methods are problematic 
for loadings with arbitrary orientation, when considering the effects of 
non-Schmid stresses. 
Instead in this chapter, a phenomenological description of the Peierls po-
tential for the a0/2<111> screw dislocation in iron will be developed fol-
lowing a recent work of Gröger and Vitek [138].  The main advantage of 
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the constructed Peierls potential is that it can reflect the dependence of the 
Peierls stress on the MRSSP orientation, , and the shear stresses perpen-
dicular to the Burgers vector [138]. The thermally activated dislocation 
motion can then be treated using the line tension (LT) model at low tem-
peratures and elastic interaction (EI) model at high temperatures [121, 
122]. In the following, it first introduces the construction of the Peierls 
potential based on the yield criterion developed in Chapter 3.2. Using the 
constructed Peierls barrier, the activation enthalpy for the formation of 
kink-pairs can be determined as a function of the applied stress tensor, and 
the corresponding temperature and strain rate dependence of the yield 
stress can be evaluated using the Arrhenius equation (Eq. 1-1).  
 
3.3.1 Construction of the Peierls potential 
and the Peierls barrier 
In the high stress regime (at low temperatures), according to the classical 
Peierls potential model, the dislocation is first shifted as a straight line 
along the Peierls potential, which is a one-dimensional periodic function 
of the reaction coordinates [Fig. 1-2(b)]. With the aid of thermal fluctua-
tions, segments of the dislocation vibrate and bow out to various interme-
diate configurations. This applies to dislocations in fcc metals which have 
planar core structures and thereafter specified glide planes. However, ow-
ing to the non-planar core structure, the a0/2<111> screw dislocations in 
bcc metals do not have unique slip planes and the Peierls barrier is also a 
function of the core transformation. Hence, in the current work it follows 
the suggestions in [137], where the Peierls potential, V(x, y), is regarded as 
a function of two variables, x and y, which represent the position of the 
intersection of the dislocation line with the {111} plane perpendicular to 




the corresponding <111> slip direction. The transition of the screw dislo-
cation between two stable sites at 0K is then regarded as a motion along 
the MEP, described by a coordinate  of the Peierls barrier V( ). In this 
representation, the Peierls barrier is dependent on the Peierls potential, 
which will be a function of the applied stress tensor with both shear stress 
components parallel and perpendicular to the slip direction.  
Following the first implementation of the Peierls potential by Edagawa et 
al. [137] and then developed by Gröger et al. [138], to capture the three-
fold rotation symmetry associated with <111> directions, the Peierls po-
tential is based on the product of three sinusoidal functions. For the screw 
dislocation along the [111] direction this so-called m-function can be ex-
pressed as: 
 
Figure 3-11. Contour plot of the mapping function m(x, y) determined by Eq. 
3-16. The straight dashed line is the initial path between two neighboring 
stable sites and the solid curve is the minimum energy path of the transition. 
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1 4 2( , ) sin (2 3 )sin ( )sin ( )
2 3 3 33 3 3 3
y a y am x y y a x x
a a a
π π π= + + − − + +
      
(3-16) 
where (x, y) are the coordinates along the [121] and [101] directions, re-
spectively. The m-function is depicted as a contour plot in Fig. 3-11, 
where the blue shading corresponds to minima and the red shading to 
maxima. It is threefold symmetric with extreme 0  m(x, y)  1. The min-
ima and maxima of m(x, y) form a triangular lattice with the lattice param-
eter 0 2 / 3a a= , where a0 is the lattice constant of the bcc lattice. The 
Peierls barrier, V( ), is regarded as energetic maximum of the minimum 
energy path between two neighboring stable sites with lowest energy in 
the two dimensional Peierls potential field V(x, y).  
For a given potential V(x, y), the coordination path  can be determined 
using the NEB method. The link between the Peierls barrier and the Pei-
erls stress, p, is: 




=        (3-17) 
which is the fundamental relationship that allows us to construct the Pei-
erls potential as a function of the applied stress tensor,  based on the re-
sults of the atomistic studies.  
The development of the Peierls potential includes the determination of the 
height of the potential without external loading, the dependence of the po-
tential on the shear stress parallel to the slip direction and the dependence 
on the shear stress perpendicular to the slip direction. They are achieved in 
steps in a self-consistent manner using NEB method [138].  
 




(1) Height of the Peierls potential  
The height of the Peierls potential is simply set as: 
0( , ) ( , )V x y V m x y=          (3-18) 
where V0 is the maximum height of the potential. The prefactor V0 is de-
termined by the following self-consistent procedure. First, a trial value of 
V0 is chosen and the NEB method is used to determine the minimum ener-
gy path, , between the adjacent minima along the (101)  glide plane. Us-
ing the Peierls barrier V( ) obtained in this way, max[d ( ) / d ]V ξ ξ  is eval-
uated and compared with p, which is the CRSS of the loading with  = 0  
for pure shear stress parallel to the [111] direction in the (101)  plane, de-
termined by either atomistic simulation or the yield criterion. We then ad-
just V0 and repeat the whole process until the difference between 
max[d ( ) / d ]V ξ ξ  and pσ  becomes less than 10
-4 eV/Å2. The height of the 
Peierls potential in Eq. 3-18 for iron determined by this approach yields V0 
= 0.05195 eV. 
 
(2) Effect of the shear stress parallel to the slip direction 
If the Peierls potential was independent on the applied stress tensor, the 
orientation dependence of the CRSS would follow exactly the Schmid law 
as CRSS ~ 1/cos . However as shown in Fig. 3-3, this is not true for Fe 
and other bcc metals. Providing that only the shear stress parallel to the 
slip direction is applied, the CRSS varies with the orientation of the 
MRSSP in such a way that it is higher for the antitwinning shear (  > 0) 
and lower for the twinning shear (  < 0), relative to the value for  = 0 
when the MRSSP coincides with the (101)  plane. The orientation depend-
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ence of the CRSS implies that the activation energy barrier for the motion 
of the dislocation is higher when  > 0 and lower when  < 0. This effect 
can be implemented into Peierls potential in the following way. 
With the fixed V0 achieved in the previous step, the dependence of the 
Peierls potential on the shear stress parallel to the slip direction can be ex-
presses as: 
0( , ) ( , )[ ( , )]V x y m x y V Vσ χ θ= +      (3-19) 
where the Peierls barrier now also varies with the orientation of the 
MRSSP and the magnitude of the shear stress  via an angularly depend-
ent function: 
2( , ) ( ) cosV K bσ σχ θ χ σ θ=       (3-20) 
where θ  is the angle between the x-axis and the line connecting the origin 
and the point (x, y). The function ( )Kσ χ  is determined in a similar self-
consistent way as the height V0 : for a given , it starts with an initial guess 
of Kσ  to obtain a trial Peierls potential using Eqs. 3-19 and 3-20. The 
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NEB method is then used to find the minimum energy path, , between 
two adjacent potential minima on the (101)  plane. Then max[d ( ) / d ]V ξ ξ  
is evaluated for the Peierls barrier V( ) obtained in this way and compared 
with pbσ  for which 












     (3-22) 
which is the yield criterion for loadings with only pure shear stress parallel 
to the slip direction. Kσ  is then adjusted and the whole process is repeated 
until the Peierls stress, pσ , is reproduced with the precision of 10
-4 eV/Å2 
compared to the value achieved by the yield criterion.  
Fig. 3-12 shows the value of Kσ  as a function of a set of orientations of 
the MRSSP. Apparently, the value of Kσ  depends linearly on the MRSSP 
angle. 
Thus, ( )Kσ χ  can be well approximated by a linear function: 
( )K kσ χ χ=         (3-23) 
When  = 0, no non-glide stresses are present and ( )Kσ χ  becomes zero. 
In this case, the dislocation glide is governed by the Schmid law, and the 
Peierls potential (Eq. 3-19) reduces to that given by Eq. 3-18. For positive 
, i.e. shearing in the antitwinning sense, ( , )Vσ χ θ  is positive, and both the 
Peierls barrier and the Peierls stress for the (101)  slip increase relative to  
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= 0. In contrast, for negative , i.e. twinning shear, ( , )Vσ χ θ  is negative 
and both the Peierls barrier and the Peierls stress decrease compared to  = 
0. Therefore, Eq. 3-19 represents the Peierls potential that reproduces the 
twinning-antitwinning asymmetry of glide for loading by the shear stress 
parallel to the slip direction. 
Besides, the term ( , )Vσ χ θ  in Eq. 3-20 is also capable to reflect the sym-
metry operation of the twinning-antitwinning effect. For example, upon 
reversing the sense of shearing, Eq. 3-20 becomes  
2
2















      (3-24) 
This implies that the reversal of the sense of shearing is identical to keep-
ing the stress and reversing the sign of the angle . This is why in Fig. 3-3 
(Chapter 3.1.2), when comparing the CRSS of compression with that of 
tension for the same loading orientation, the angle of MRSSP, , has to be 
reversed. 
 
(3) Effect of the shear stress perpendicular 
to the slip direction 
In order to incorporate the effect of the shear stress, , perpendicular to the 
slip direction, V(x, y) is supplemented by a third term ( , )Vτ χ θ , which rep-
resents the distortion of the Peierls potential by . The Peierls potential 
that comprises the effects of both the shear stress parallel and the shear 
stress perpendicular to the slip direction is then: 
0( , ) [ ( , ) ( , )] ( , )V x y V V V m x yσ τχ θ χ θ= + +     (3-25) 





2( , ) ( ) cos(2 / 3)V K bτ τχ θ χ τ θ π= +      (3-26) 
( )Kτ χ  can be determined for a given  in a similar way as ( )Kσ χ . One 
can start again with an initial guess of ( )Kτ χ  and determine a trial Peierls 
potential by Eqs. 3-25 and 3-26. The values of V0 and ( )Kσ χ  entering Eq. 
3-25 are those determined as described previously. The minimum energy 
path, , between two adjacent potential minima on the (101)  glide plane is 
then determined using the NEB method. For this path, max[d ( ) / d ]V ξ ξ  is 
evaluated and compared again with pbσ , which can be determined using 




[ sin(2 ) cos(2 / 6)]( , )
cos cos( / 3)
cr a aCRSS
a




  (3-27) 
 
Figure 3-13. Fitting the dependence of ( )Kτ χ  to the MRSSP angle, 
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This equation is the complete yield criterion for loadings with pure shear 
stresses both parallel and perpendicular to the slip direction. ( )Kτ χ  is ad-
justed accordingly and the whole process is then repeated until the value 
of ( )Kτ χ , for which the Peierls stress pσ  is reproduced with the precision 
of 10-4 eV/Å2 comparing to the value attained by the yield criterion, is ob-
tained.  
In order to keep the calculation of ( )Kτ χ  simple, only two different shear 
stresses perpendicular to the slip direction, namely 440.01Cτ = ± , are con-
sidered. The dependence of ( )Kτ χ  on  is plotted in Fig. 3-13.  
For iron, ( )Kτ χ  can be closely approximated by a quadratic polynomial: 
2
0 1 2( )K C C Cτ χ χ χ= + +       (3-28) 
This variation of the Peierls potential reflects the transformation of the 
dislocation core and consequently changes of the glide plane, as will be 
discussed in more detail in Chapter 4.1.  
Fig. 3-14 shows contour plots of the final Peierls potentials (Eq. 3-25) for 
three different loadings with only shear stress  perpendicular to the slip direc-
tion. In these plots the blue domains correspond to minima and red domains to 
maxima. The corresponding minimum energy paths between adjacent po-
tential minima, determined by the NEB method, are superimposed as 
dashed curves. It is obvious that positive shear stress perpendicular to the 
slip direction lowers the potential barrier for the slip on both (101)  and 
(110)  planes. Considering the Schmid factor, the resolved shear stress on 
the (101)  plane is higher than that on the (110)  plane; the dislocation 
therefore prefers to glide on the (101)  plane. In contrast, for negative  the  





Figure 3-14. Contour plots of the Peierls potential for three different applied loadings 
with only shear stress  perpendicular to the slip direction, in which the blue domains 
correspond to minima and red domains to maxima. The active reaction paths with 
lowest energy are drawn as dashed curves. For comparison, the corresponding atom-
istic data and their slip orientations are given in the lower panel. 
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Peierls barrier for the (101)  and (110)  slip are higher than that for the 
(011)  plane, so the glide on the latter is more likely. For  = 0, although 
the Peierls barriers for the three glide planes are the same, since the 
Schmid factor on the (101)  plane is two times higher than that on the oth-
er two planes, the dislocation prefers to glide on the (101)  plane. All these 
conclusions agree perfectly with the findings of atomistic simulations, 
which demonstrate that the predictions based on the Peierls potential are 
consistent with the results of atomistic calculations at 0K. 
It should be noted that the Peierls barrier V( ) obtained from the m-
function has a sharp maximum due to its sinusoidal character. However, it 
has been shown in [117, 178-182] that a better agreement between calcu-
lated temperature dependence of the yield stress and the experimental data 
is obtained if the Peierls barrier is flat, i.e. the MEP has a flat plateau in-
stead of the sharp maximum. In Chapter 4, it will show in detail how the 
constructed Peierls potential with flat top, which provids better agree-
ments between our predictions and experimental results, is developed by 
using a flatting operator f̂ .  
 
3.3.2 Stress dependence of the activation enthalpy 
Two models for thermally activated dislocation motion at both high and 
low temperatures were introduced in Chapter 1. At high temperatures, ful-
ly developed kink pairs are formed by thermal fluctuations. Once a critical 
configuration is reached, the kinks propagate and consequently the screw 
dislocation moves. The activation enthalpy H( ) required to reach this crit-
ical point can be determined in terms of the elastic Eshelby attraction be-




tween these two fully developed kinks and the repulsive interaction be-
tween them produced by the external loading. In this case the activation 
enthalpy is only dependent on the shear stress component *, which is the 
projection of the applied stress on the {110} glide plane for a given 
<111>{110} slip system and parallel to the slip direction. The shear stress 
perpendicular to the slip direction does not affect the activation enthalpy, 
indicating it is independent on the shape of the Peierls barrier. To deter-
mine the activation enthalpy, Hkp, at high temperatures using Eq. 1-4, one 
needs the energy of an isolated kink Hk. This energy can be either calcu-
lated atomistically, as was done by Duesbery [125, 126] or estimated from 
experiments. For iron the value of 2Hk determined experimentally equals 
to 0.927 eV by Brunner [118]. Theoretical calculations predict values be-
tween 0.6 and 1.1 eV [92, 183]. 
At low temperatures, it is assumed that the straight dislocation is pushed 
up from its equilibrium position in the Peierls potential valley by high ap-
plied stresses, and then bows out by thermal fluctuations. When the bow-
out reaches a critical configuration it continues to expand as a fully devel-
oped kink-pair and the dislocation moves forward. The activation enthalpy 
can then be determined using Eq. 1-9 by integrating the Peierls barrier en-
ergy in terms of the coordinate , and then subtracting the work done by 
the shear stress *, which is the projection of the applied stress on the glide 
plane and parallel to the slip direction. In contrast to the high temperature 
model, for the low temperature model the Peierls potential is a function of 
the MRSSP orientation and the stress components both parallel and per-
pendicular to the slip direction (Eq. 3-25). Consequently, for a given 
<111>{110} slip system the activation enthalpy is a function of the full 
applied stress tensor, unlike in the high-temperature regime, in which it is 
dependent on the shear stress * only. To determine the activation enthal-
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py Hb using Eq. 3-25 at low temperatures, one needs the value of the line 
tension E. Since there is no data from either atomistic simulations or ex-
periments, a theoretical value is used, i.e. E ~ b2/4 [138], where b is the 
magnitude of the Burgers vector and  is the shear modulus for the 
<111>{110} slip system studied which can be determined as (C11 - C12 + 
C44)/3. 
Up to now all parameters required to determine the activation enthalpy for 
the thermally activated motion of the a0/2<111>{110} screw dislocations 
are achieved and summarized in Table 3-3. The Peierls potential (Eq. 3-
25) in conjunction with the line-tension model (Dorn-Rajnak expression, 
Eq. 1-9) at low temperatures, and the elastic-interaction model (Eq. 1-4) at 
high temperatures, can be used to predict the dependence of the activation 
enthalpy on the applied stress. The transition between the low and high 
temperature models occurs at the stress where the activation enthalpies 
coincide, i.e. Hkp = Hb.  
Fig. 3-15 shows an example of the dependence of the activation enthalpy 
on the shear stress * for the (101)[111]  slip system (  = 2) loaded in ten-
sion along the [149]  direction. With this loading the corresponding 
MRSSP is the (101)  plane for which  = 0. The ratio of the two resolved 
shear stresses is 0.51η = . In the low stress region (red curve), the elastic 
interaction model applies. When the thermal component of the yield stress 
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* is zero, the activation enthalpy equals to 2Hk ~ 0.927 eV, and the dislo-
cation is driven purely by the athermal stress σ . As the applied stress in-
creases, the activation enthalpy required to develop the kink-pairs de-
creases. The transition between the elastic interaction model at high tem-
peratures and the line tension model at low temperatures, occurs at * ~ 
250 MPa. In the low temperature region, the activation enthalpy continues 
to decrease with increasing applied stress. When the activation enthalpy 
decreases to zero, the corresponding * is about 1800 MPa. One should 
note, when comparing to the experimental results, the Peierls stress of the 
screw dislocation at 0K, computed by atomistic simulations, is typically 3-
5 times higher than the value estimated from experiments [34, 68, 92, 95, 
98, 132, 184-187]. This kind of deviations exists between experiments and 
atomistic simulations for all bcc metals regardless the description scheme 
of the atomic interaction. Several explanations have been proposed [187], 
but so far none provided a satisfactory clarification of this problem (see 
more in Chapter 4). In order to compare the experimental and theoretical 
data, it is customary to rescale the calculated shear stresses. This scaling 
factor will be discussed in the next Chapter 4.3. 
The enthalpy-stress dependence shown in Fig. 3-15 is only for the 
a0/2[111] screw dislocation on the (101)[111]  slip system, which possess-
es the highest effective Schmid factor and the lowest activation energy. 
Generally, when considering single crystal with dislocations of all possi-
ble Burgers vectors, the total plastic strain rate should be determined from 







σγ γ= −& &        (3-29) 
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One should note that γ&  is not the strain rate belonging to a certain glide 
system but the total plastic strain rate. In general, the summation should 
cover all possible slip systems  that can be activated for the given load-
ing. However, since the activation enthalpy appears in Eq. 3-29 in expo-
nent, the contribution of most slip systems with larger H( ) can be safely 
neglected. For example, in Fig. 3-15 it shows also the activation enthalpies 
for the other two slip planes, i.e., (011)  and (110) , that belong to the 
same [111] zone of the a0/2[111] screw dislocation. One can see that the 
calculated activation enthalpy for the (101)[111]  system is at any stress 
significantly lower than that for the other two slip systems. This means 
that the rate equation 3-29 is dominated by the term involving the activa-
 
Figure 3-15. Dependence of the activation enthalpy, b ( )H σ , on the 
shear stress, *σ , projected on the {110} slip planes for the a0/2[111] 
screw dislocation, with tensile loading in the [149]  direction. At low 
temperatures, the line tension model applies (green curves) and, the 
glide on the primary slip plane, (101) , has the lowest activation ener-
gy. At high temperatures, the elastic interaction model applies (red 
curve).  
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tion enthalpy for the (101)[111]  system only. Eq. 3-29 can be therefore 





α σγ γ= −& &        (3-30) 






4.1 Dislocation mobility by 
atomistic simulations 
 
In Chapter 3.1, the critical yield stress for the 1 2[111] screw dislocation 
was determined by means of static atomistic simulations using the BOP 
model. The different values of CRSS for loadings with pure shear stress 
parallel to the slip direction and for uniaxial loadings in tension and com-
pression with the same MRSSP orientation clearly showed that the shear 
stress parallel to the slip direction is not the only stress determining the 
critical yield stress of the screw dislocation. The non-Schmid stresses, or 
more specifically the shear stresses perpendicular to the slip direction, also 
markedly affect the Peierls barrier.  
In the previous Chapter, it describes how these atomistic results can be 
utilized in the formulation of phenomenological yield criteria as well as in 
the description of macroscopic plasticity at finite temperatures. In the pre-
sent section, the underlying microscopic mechanism will be analyzed and 
it will show that most of the macroscopic mechanical properties can be 
linked to changes of dislocation core structures. 




The differential displacement plot in Fig. 3-1 shows that under zero stress 
the core structure of the a0/2<111> screw dislocation in Fe spreads sym-
metrically on the three {110} planes of the [111] zone. However, under 
applied stress the dislocation core changes as a function of shear stresses 
parallel as well as perpendicular to the Burgers vector. Before commence 
of yielding, this change is purely elastic in that the structure returns into its 
original configuration if the stress is removed. However, once the applied 
shear stress  reaches CRSS and the dislocation starts moving, the trans-
formation is no more elastic and the gliding core remains distorted. This is 
in contrast to fcc metals and hexagonal crystals, where the screw disloca-
tions (or partial dislocations) move at very low stresses without significant 




Figure 4-1. Change of the differential displacements around the core 
under pure shear stress equal to 0.015C44 applied on the (101)  plane. 
The magnitude of change is multiplied by a factor of 20. The shading is 
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For pure shear stress parallel to the Burgers vector, i.e., without any non-
Schmid stresses, the dislocation core gradually transforms from its sym-
metric non-degenerate configuration to a less symmetric form as the load-
ing increases. It has been assumed that during the glide the ‘arms’ on the 
inclined {110} planes shorten while those on the (101)  plane become 
more extended rendering the core more glissile [101]. Fig. 4-1 showing 
the changes of the differential displacements around the core under pure 
shear stress on the (101)  plane equal to 0.015C44 (smaller than the Peierls 
stress) reveals that this assumption is not completely correct. One can see 
that the largest changes of the core indeed occur on the horizontal (101)  
glide plane, but they are limited to the very core center only: there is a 
marked reduction on the left from the initial position and a large increase 
on the right at the final position. This corresponds to the shift of the Burg-
ers vector from the original core position to the neighbouring stable site. 
The symbols in Fig. 4-1 also clearly reveal the twinning-antitwinning ef-
fect. Although the pure shear stress parallel to the slip direction is applied 
along the horizontal (101)  plane, which is a mirror plane, the change of 
the core is not symmetric in terms of the (101)  plane. The core under 
stress prefers to extend more in the twinning region above the (101)  plane 
( 60 0χ− < <o o ), while it contracts in the anti-twinning region below the 
(101)  plane (0 60χ< <o o ). This also explains the twinning-antitwinning 
asymmetry obtained for the CRSS vs. .   
Apart from the pure shear stress calculations, it also showed (cf. Fig. 3-3) 
that the CRSS for tension is always lower than that for compression in the 
same loading direction. The CRSS for pure shear with the same MRSSP 
lies in between of those for tension and compression. This is the so-called 




tension-compression asymmetry observed in experiments. The tension-
compression asymmetry clearly indicates that the CRSS depends not only 
on the Schmid stresses but also on the shear stresses other than those par-
allel to the slip direction. More specifically, the glide of the screw disloca-
tion is affected by the shear stress perpendicular to the slip direction. Alt-
hough this stress component does not drive directly the screw dislocation 
to move, it changes the symmetry of the core and makes the dislocation 
either easier or harder to slip on different {110} planes. The change of the 
dislocation core in bcc molybdenum under shear stress perpendicular to 
the slip direction for the  = 0 orientation was examined in [101]. The au-
thors found that the core indeed either extended or constricted on the glide 
plane and, as a consequence, its motion was either promoted or sup-
pressed. In order to investigate the dependence of the CRSS on the magni-
tude of the shear stress  perpendicular to the slip direction, a set of simu-
lations of the a0/2[111] screw dislocation subjected to loadings with vari-
ous combination of shear stresses both parallel and perpendicular to the 
slip direction, as described by Eq. 3-2, are carried out. 
The results in Fig. 3-5 show that for positive  the CRSS is lower than that 
for  = 0, and that in this region the dislocation always glides on the (101)  
plane. In contrast, negative  makes the glide on the (101)  plane more dif-
ficult. With decreasing  the CRSS increases until the glide plane changes 
from the (101)  plane to the (011)  plane. The above results indicate that 
although the shear stress perpendicular to the slip direction does not drive 
directly the screw dislocation to move, it influences the CRSS by altering 
the dislocation core structure. 
In the following, it presents an example on how the core changes in terms 
of , again by comparing the differential displacement plots with and 
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without loading. A special stress tensor applied in the coordinate system 
where the y-axis is normal to the plane defined by the angle  and the z-








Figure 4-2. Changes of the differential displacements around the core with only 
pure shear stresses perpendicular to the slip direction applied on the (101)  plane 
for (a) 440.02Cτ = +  and (b) 440.02Cτ = − . The magnitude of change is multi-
plied by a factor of 20. The shading is the center of the dislocation core and the 

































































































































































































































































































































































































































































































































































































































































































































=         (4-1) 
where  is the magnitude of the shear stress perpendicular to the slip direc-
tion, resolved in this orientation as a combination of two normal stresses. 
For  = 0, the extension and constriction of the core has to be symmetric 
with the (101)  plane being the mirror plane. The redistribution of the 
Burgers vector by loading with 440.02Cτ = ±  is shown in Fig. 4-2. 
For positive , the dislocation core extends on the (101)  plane and con-
stricts on both (011)  and (110)  planes which suggests that the dislocation 
will move most easily on the (101)  plane. On the other hand, for negative 
, the core constricts on the (101)  plane and extends on both (011)  and 
(110)  planes. If this spreading is large, the dislocation becomes easier to 
move on the low stressed (011)  or (110)  planes than on the primary 
(101)  glide plane. Hence, one can expect that the subsequent loading by 
the shear stress parallel to the slip direction will move the dislocation on 
the (101)  plane for  > 0, while for  < 0 the preferred glide planes will be 
(011)  or (110) . 
Besides the preference for slip on a particular {110} plane, the changes in 
the structure of the dislocation core also suggest how large CRSS is need-
ed to drive the dislocation. For example, let us assume again that the crys-
tal is loaded by the stress tensor τ  (Eq. 4-1) defined in the MRSSP coor-
dinate system where the y-axis coincides with the normal to the (101)  
plane ( 0χ = o ). If positive  is applied, the core extension on the (101)  
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plane makes the glide on this plane easier compared to the symmetric core 
for  = 0. Hence, one may expect that if  > 0, CRSS will decrease with 
increasing . This is fully consistent with atomistic result shown in Fig. 3-
5(a), in which the CRSS decreases with increasing , when 0χ = o . On the 
other hand, applying a negative  makes the glide on the (101)  plane in-
creasingly more difficult and, at larger negative , the (101)  glide may be 
suppressed completely. Instead, the dislocation glide may proceed exclu-
sively on one of the other two {110} planes of the [111] zone. This ex-
plains why in Fig. 3-5(a) for  < 0, the CRSS increases first and then the 
glide plane changes from the (101)  plane to the (011)  plane. However, 
because the shear stress parallel to the slip direction resolved on the in-
clined planes is only half of the resolved shear stress in the primary (101)  
plane, larger CRSS for slip of the dislocation is expected for larger nega-
tive . 
With the above analysis, one can now fully understand the results in Fig. 
3-5 of Section 3.1.3. For all tested MRSSP orientations , with positive  
the CRSS is lower than that with  = 0 and the dislocation always glides 
on the (101)  plane. The reason is that the positive shear stress perpendicu-
lar to the slip direction extends the dislocation core on the (101)  glide 
plane and constricts it on the other two {110} planes in the [111] zone. 
The change of the core promotes the glide of the dislocation on the (101)  
plane by lowering the corresponding Peierls stress. In contrast, negative  
makes the glide on the (101)  plane more difficult. Here the CRSS increas-
es with decreasing  until the glide plane changes from the (101)  plane to 
the (011)  plane. The reason is the negative shear stress  perpendicular to 




the slip direction constricts the dislocation on the (101)  plane and extends 
it on the inclined (011)  and (110)  planes. This makes the glide on the 
(101)  plane harder. When  reaches a critical value, the preferred glide 
plane changes from (101)  to (011) . The changes of the glide plane are 
indicated by arrows in the bottom of Fig. 3-5. For 0χ = o , 9− o  and 19− o  
the slip systems (101)[111]and(011)[111] are activated at the same time 
for 440.01Cτ ≈ − . In these cases, the motion of the screw dislocation is 
composed of alternating jumps on both of these slip systems so that the 
apparent macroscopic slip takes place on the (112)  plane. Such {112} 
slip occurs as well for loading in compression in the [012] direction. Addi-
tionally, there exists an extensive experimental evidence of non-
crystallographic slip or slip on high index planes for certain uniaxial load-
ings in pure single crystals of iron and other refractory metals. This mac-
roscopic phenomenon originates from stochastic transitions between the 
neighbouring {110} slip systems. When the CRSS’s on the two glide 
planes are close or identical, both slip systems will be activated at the 
same time. Thus, the macroscopically observed (112)  or non-
crystallographic slips result from dislocation moving in a zigzag fashion 
by elementary steps on both (101)  and (011)  planes. However, for large 
negative  the extension of the core on the (011)  plane becomes so over-
whelming that the dislocation starts to glide only on this plane, despite the 
Schmid factor being only half of that for the most highly stressed 
(101)[111]  slip system. 
For structures with the cubic lattice symmetry, the change of the disloca-
tion core with ( , ) should be equal to the change of the core with (- , ) 
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by a rotation of  in terms of the  = 0 diad. It means that if the glide plane 
is (011)  for ( , ), the glide plane for (- , ) should be (110) . However, 
this applies only if the effect of the shear stress perpendicular to the slip 
direction is considered. One can see (cf. Fig. 3-5) that for  < -0.01C44 the 
dislocation always glides on the (011)  plane independent of the sign of . 
The reason is there is a competition between the Schmid factor, the effect 
of the shear stress perpendicular to the slip direction, and the effect of the 
twinning-antitwinning asymmetry. For example, when  is negative, alt-
hough the core extends more along the (110)  plane than the (011)  plane, 
the Schmid factor is higher on the (011)  plane and the crystal is sheared 
in the twinning sense. Thus, the Schmid factor and the twinning-
antitwinning effect determine together the (011)  as the glide plane. When 
 is positive, although the Schmid factor on the (011)  plane is smaller 
than that on the (110)  plane, the shear is in the antitwinning sense around 
the (110)  plane and the core extension on the (011)  plane is larger than 
that on the (110)  plane. In this case, the effects of the perpendicular shear 
stress and of the twinning-antitwinning asymmetry dominate and the 
screw dislocation glides on the (011)  plane. Finally, for  = 0, although 
the Schmid factor is 2 times higher on the (101)  plane than that on the 
(011)  or (110)  planes, the core is constricted on the (101)  plane. The ex-
tension of the core on the (011)  and the (110)  planes is the same, but 
since the crystal shears in twinning sense, the dislocation prefers to glide 
on the (011)  plane. In this case, the effect of the shear stress perpendicu-
lar to the slip direction and the twinning-antitwinning asymmetry deter-
mine the glide plane.  




Fig. 4-3 summarizing the dependence of the CRSS on both  and  is the 
major results of the atomistic calculations. The colour shading in this con-
tour graph represents the change of the CRSS from low (blue) to high 
(red). As mentioned previously, the CRSS of the screw dislocation is 
proved atomistically to be determined by the competition of three effects, 
which are the Schmid factor, the shear stress perpendicular to the slip di-
rection and the twinning-antitwinning asymmetry. One can see in this plot 
in detail how these effects work competitively. Let us first consider the 
results for positive  in the right part of the plot, for which the glide plane 
is the (101)  plane. In the horizontal direction, the general decrease of 
CRSS with increasing  for any MRSSP orientation originates from the 
effect of the shear stress perpendicular to the slip direction. In the vertical 
direction, the variations of CRSS with a constant  are governed by the 
twinning-antitwinning asymmetry and the Schmid factor. The CRSS var-
ies strongly only in the antitwinning zone (  > 0) while in the twinning 
 
Figure 4-3. The dependence of CRSS on the Schmid factor, the MRSSP 
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zone (  < 0) it remains almost constant. This can be explained qualitative-
ly in the following way. For positive , as  increasing, the Schmid factor 
increases and the MRSSP rotates towards the anti-twinning plane (211) . 
Both effects increase the CRSS and together cause the strong dependence 
of CRSS on .  However, for negative , the Schmid factor increases with 
decreasing  while the MRSSP rotates towards the twinning plane (112) . 
Since they have opposite effect on CRSS and compensate each other, the 
CRSS remains almost constant as  varies. As can be seen in the left part 
of Fig. 4-3, the analysis for negative  is similar but more complex. Alt-
hough the three effects together determine (011)  as the glide plane, for 
the CRSS the competition occurs mainly between the effects of the 
Schmid factor and the shear stress perpendicular to the slip direction. On 
one hand, as  decreases from 19+ o  to 19− o , the Schmid factor increases 
on the (011)  plane, indicating that CRSS should decrease for a constant . 
On the other hand, as  decreases the core extension along the (011)  glide 
plane is gradually reduced. This constriction has an opposite effect than 
the Schmid factor leading to an increase of CRSS with decreasing . The 
effect of the Schmid factor dominates only for small |  | , e.g.  = -0.01C44, 
so the CRSS decreases when  changes from 19+ o  to 19− o . For larger 
negative values of  (  < -0.02C44), the effect of the shear stress perpendic-
ular to the slip direction prevails and CRSS increases with decreasing . 
The knowledge of the dependence of CRSS on  and  obtained from our 
atomistic studies enabled us to formulate a phenomenological yield crite-
rion (Eq. 3-3 in Chapter 3) for the non-associated flow in bcc iron. Predic-
tions based on this analytical yield criterion and their comparisons to ex-
perimental results are the topics of the following section. 





4.2 Yielding of the single crystal by 
yield criterion 
 
The atomistic simulations provide reliable information about the behav-
iour of a single a0/2[111] screw dislocation under stress, but they are too 
time consuming to investigate large number of loading orientations. 
Therefore an analytical yield criterion is developed that can determine 
both quickly and reliably the commencement of the motion of any 
a0/2<111> screw dislocation on the 24 slip systems under arbitrary exter-
nal loadings at 0K.  
In order to capture the dependences of the CRSS on both the loading ori-
entation and the non-Schmid stress components, a linear combination of 
two shear stresses parallel and perpendicular to the slip direction, both re-
solved in two different {110} planes of the [111] zone, was used in the 
formulation of the yield criterion (Eq. 3-3).  
The yield criterion was used to obtain the CRSS vs.  dependencies for 
real single crystals of iron. In addition, the yield polygon, which is the 
yielding surface projected on the CRSS-  graph for a given MRSSP, was 
determined. It was found that if the magnitude of the shear stress perpen-
dicular to the slip direction is small, approximately 44 440.01C 0.02Cτ− ≤ ≤
, the primary slip system coincides with the most highly stressed 
(101)[111]  system. However, as | |τ  becomes larger, other {110}<111> 
system becomes dominant. If the loading line falls in the close vicinity of 
the crossing point of two critical lines, both corresponding slip systems 
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will be activated leading to macroscopic slip on the average {211} or 
some other high-index plane. Since the values of  at which the plastic de-
formation of real crystals takes place are bounded by the yield polygon,  
| |τ  can never be larger than about 0.03C44.  
The yield criterion can be also expressed in a more convenient and effi-
cient form using a tensorial representation [109]. This tensorial form is 
written as follows: 
*
1 1 2 3 1 1( ) ( ) cra a a
α α α α α α α α α α τ+ + × + × =m n m n n m n n m nΣ Σ Σ Σ   (4-2) 
where  is the external stress tensor, αm  is the unit vector of the slip di-
rection, αn  is the unit vector perpendicular to the reference plane, and 1
αn  
the unit vector perpendicular to the {110} plane in the zone of αm  that 
makes the angle 60− o  with the reference plane.  
Corresponding to the yield criterion in Eq. 3-3, the first term of the tenso-
rial expression represents the Schmid factor and, together with the second 
term, they reproduce the twinning-antitwinning asymmetry. The last two 
terms are projections of  on the two inclined {110} planes representing 
the effect of the shear stress perpendicular to the slip direction. The pa-
rameters used in Eq. 4-2 are the same as those in Eq. 3-3. The complete 
list of the vectors, αm , αn  and 1
αn , for all 24 {110}<111> systems has 
been given in Table. 3-1.  
For any applied loading  one can assess the activity of each of these 24 
reference systems by evaluating the left side of Eq. 4-2. The plastic de-
formation at 0K then starts when the resolved stress on one of the 24 slip 
systems reaches *crτ  as the applied stress tensor  increases from zero to 




the critical value c
αΣ . The tensorial form of the yield criterion is conven-
ient because it only requires the applied stress tensor  defined in the 
Cartesian coordinate system and no tensorial transformations are required 
as the evaluation of Eq. 3-3.  
 
4.2.1 Slip behavior under uniaxial loadings 
With the help of the yield polygon one can obtain a complete description 
of the macroscopic yielding behaviour of Fe single crystal. The procedure 
described in Chapter 3.2.3 can be repeated for any loading using the corre-
sponding stress tensor with only shear stresses parallel and perpendicular 
to the slip direction in the MRSSP coordinate system. For each loading 
path such calculations yield four reference systems, each associated with a 
distinct slip direction, and for every system  a yielding point (a pair of 
critical shear stresses  and  in the MRSSP-  graph) at which the plastic 
deformation commences on this system can be determined.  
One can now employ the tensorial yield criterion to determine the primary 
slip systems for loadings in tension and compression along all directions 
in the standard stereographic triangle for which (101)[111]  is the most 
highly stressed {110}<111> slip system.  
In Chapter 3.1.1 eight uniaxial loading directions (see Fig. 3-3) were stud-
ied by atomistic simulations. For all loadings in tension the most easily 
activated glide plane is (101)  while for compressions it is the (110)  
plane. One should note that in the atomistic studies, only the a0/2[111] 
screw dislocation exists, indicating that only 6 reference systems, i.e. sys-
tems of 1-3 and 13-15, could be operative. However, when considering a 
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real single crystal, all 24 slip systems in Table. 3-1 can be activated since 
the crystal contains dislocations with all possible Burgers vectors.  
Now considering an unit uniaxial applied stress tensor  in system , one 
can first look up the corresponding vectors αm , αn  and 1
αn  defined in Ta-
ble. 3-1. Then, the left side of Eq. 4-2 can be evaluated and marked as */t c
ατ . 
According to the yield criterion, the uniaxial tensile/compressive stress for 
which the system  becomes activated is * */ //t c t c
α ασ τ τ= . By repeating this 
procedure for each of the 24 reference systems one obtain a set of all criti-
cal stresses. The actual yield stress inducing the plastic flow is then the 
smallest of these stresses, i.e. / /min( )t c t c
ασ σ= , and the corresponding slip 
system  is the primary slip system.  
The primary slip systems predicted by both the Schmid law and the yield 
criterion are plotted in Fig. 4-4. In the stereographic triangle, regions with 
different colours indicate different activated slip systems which are la-
belled with numbers corresponding to Table 3-1.  
We consider that a second slip system (labelled with II) can also be acti-
vated provided that the required loading in the second system is less than 
2% larger than that of the first activated slip system (labelled with I). Such 
“multi-slip” has been frequently observed in low-temperature deformation 
experiments on bcc metals [44]. In real situations, the number of the acti-
vated slip systems is likely not to be limited by two and the threshold of 
2% is only an estimated value for assessing the possibility of the multi-slip 
phenomenon. Apart from the intrinsic origins of the multi-slip behaviour, 
this anomalous phenomenon also depends on external loading conditions, 
e.g., temperature and strain rate.  




As illustrated in Fig. 4-4(a) and (b), the predicted primary slip system for 
tension along any orientation within the standard stereographic triangle, 
according to both the yield criterion and the Schmid law, is the (101)[111]  
system with the highest Schmid factor. This slip system has been also 
 
 
Figure 4-4. Primary slip systems for loadings with all possible orienta-
tions within the stereographic triangle in tension (a, b) and compression 
(c, d) predicted by the Schmid law (a, c) and the yield criterion shown in 
Eq. 4-2 (b, d). Two slip systems, marked as I and II, are considered to be 
activated simultaneously when their difference is within 2%. 
(a) (b) 
(c) (d) 
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found in all atomistic calculations presented in Chapter 3.1.2, where the 
loadings in tension were applied on the a0/2[111] screw dislocation for 
eight different orientations.  
The yield criterion and the Schmid law also agree closely in predictions of 
the second slip system, with only small differences. For example, the 
Schmid law predicts a multi-slip along the [011] [111]−  boundary, while 
according to the yield criterion only the (101)[111]  system is activated.  
In the area close to the [001] [011]−  boundary, both of the (101)[111]  (  = 
2) and (101)[111] (  = 16) slip systems can be activated. This indicates 
that dislocations with the a0/2[111] and a0/2[111] Burgers vectors will be 
activated simultaneously. This prediction agrees with experimental find-
ings of Aono and co-workers [68], in which high purity iron single crystal 
specimens were deformed in tension at very low temperatures, namely 4.2 
and 77 K, for various loading orientations. It was found that for most ori-
entations in the stereographic triangle the observed slip system was indeed 
(101)[111] . However, for orientations near to the [001] [011]−  side, the 
multi-slips on both (101)[111]  and (101)[111]  slip systems were observed.  
Another experimental support for our theoretical predictions comes from 
Spitzig and Keh [188], who deformed high purity Fe single crystals in ten-
sion for orientations 0 20χ≤ ≤o o  and 45λ ≈ o  between 143-295 K. The 
observed primary slip occurred on the (101)  plane in the [111] zone, but 
also the second (101)[111]  slip system was observed. Since the studied 
loading orientations fall in the middle of the stereographic triangle, the 
observation of the second slip system is not on the first sight consistent 
with our theoretical predictions. The second slip system is predicted to be 




inactive, since the difference of the critical loading between the second 
and the primary slip systems is larger than 2%. However, (101)[111]  is 
according to our yield criterion indeed the second most favourable slip 
system. Table 4-1 lists the highest three effective Schmid factors, */t c
ατ , cal-
culated for each system  for uniaxial loadings along the [149] direction 
with 0 20χ≤ ≤o o  and 45λ ≈ o . The effective Schmid factors are normal-
ized by the values corresponding to the system with the highest */t c
ατ . One 
can clearly see from the table that for tension the critical loading in the 
second most favourable slip system is only ~7% larger than that in the first 
slip system. This is larger than our artificially presumed threshold value, 
2%, but not impossible to reach in real situations. The reason why it was 
observed in experiments is likely related to rather high temperature, at 
which the probability of the activation of the second slip system increases.  
Table 4-1. The effective Schmid factor, *τ , predicted by Schmid law and 
























Schmid law Yield criterion
Compression
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The map of the most operative slip systems for compressive loadings pre-
dicted by the Schmid law [Fig. 4-4(c)] is identical to that for tensile load-
ings, only the predicted slip systems for the two loading orientations are 
conjugate to each other (see Table 3-1). This is because the only differ-
ence between tension and compression is that the sense of the shear stress 
parallel to the slip direction is reversed, so that (101)[111]  (  = 2) for ten-
sion corresponds to (101)[111]  (  = 14) for compression. In contrast to 
tension, the predictions of the yield criterion for compression [Fig. 4-4(d)] 
vary considerably with the orientation of the loading axis and are overall 
much more complex than those of the Schmid law. The most striking dif-
ference is that our yield criterion predicts completely different primary 
slip system (  = 3) than the Schmid law (  = 14). As found in the atomis-
tic simulations, this result is related to the strong effect of the shear stress 
perpendicular to the slip direction, which causes the preferential activation 
of the  = 3 over the  = 14 slip system, although the latter possesses a 
much higher Schmid factor. Only close to the [011] corner,  = 14 is pre-
dicted to be the primary slip system. The dislocation motion on slip sys-
tems other than (101)[111]  is the well-known anomalous slip observed in 
most bcc metals [44]. Unfortunately, to our knowledge there are currently 
no experimental results from low temperature compression testings avail-
able to verify our theoretical predictions. However, our study shows the 
ability of the yield criterion to predict a very complex mechanical behav-
iour for the iron single crystal under compression. 
 




4.2.2 Yield stress asymmetry in tension 
and compression 
The tension-compression asymmetry in bcc metals was observed experi-
mentally [32, 34, 189-197] in both separate tension/compression tests and 
successive tension-compression cycles for different loading orientations 
and temperatures. In most orientations of the standard stereographic trian-
gle, the CRSS for compression was found to be higher than that for ten-
sion. This agrees with our atomistic results for iron presented in Chapter 
3.1.1. It should be noted that since the tension-compression asymmetry is 
related to intrinsic properties of screw dislocation, it is obvious at low 
temperatures but usually becomes negligible as the temperature increases 
(see later).  
Koss concluded already in the 1980’s that the tension-compression asym-
metry is closely related to the twinning-antitwinning asymmetry [198]. 
However, based on our atomistic results and the analytical yield criterion, 
it will show in the following that the tension-compression asymmetry is a 
consequence of not only the twinning-antitwinning asymmetry but also 
the strong effect of the shear stress perpendicular to the slip direction, via 
the so-called strength differential (SD) factor: 







       (4-3) 
where t and c are the uniaxial yield stresses in tension and compression, 
respectively. For any orientation of the loading axis these yield stresses 
can be determined from the yield criterion as described above. Performing 
this calculation for all orientations of tension/compression axes, a map of 
the strength differential can be obtained for the whole standard stereo-
graphic triangle. This is displayed in Fig. 4-5 by shading the interior of the 
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standard triangle by the value of SD according to Eq. 4-3 (One should note 
the comparison between loadings in tension and compression in the same 
direction is regardless of slip systems). 
The results drawn in Fig. 4-5(a) were obtained when only the twinning-
antitwinning asymmetry was considered by using the first two terms in 
Eq. 3-3. The distribution of SD is in this case anti-symmetric with respect 
to , and SD equals to zero for  = 0. When  is positive, the loadings in 
 
Figure 4-5. Tension-compression asymmetry factor calculated with (a) 








tension are in the anti-twinning sense while loadings in compression are in 
the twinning sense. The value of SD is positive in this region and its max-
imum reaches about 0.4 at [111]  corner. Vice versa, SD is negative for  < 
0 where the senses of the twining/anti-twinning are reversed. The mini-
mum value of SD is -0.4 corresponding to uniaxial loading along the [001] 
direction.  
Fig. 4-5(b) contains the SD map calculated with both the effects of the 
twining-antitwinning asymmetry and the shear stress perpendicular to the 
slip direction. It is clearly very different from the predictions made with 
the twinning-antitwinning effect only. Comparing to Fig. 4-5(a), one of 
the most prominent changes in Fig. 4-5(b) is that the region with positive 
SD value is greatly reduced to the [011] corner. The complete yield crite-
rion predicts that for most orientations of the uniaxial loadings in the 
standard stereographic triangle the yield stress for compression is larger 
than that for tension and thus SD < 0. For loading axis close to the 
[011] [111]−  side, the critical stress for tension gradually increases rela-
tive to the critical stress for compression and then SD becomes positive. 
The distribution of SD is no longer anti-symmetric with respect to  = 0, 
but the boundary is markedly shifted towards the [011] corner. The maxi-
mum positive tension-compression asymmetry lies at the [011] corner 
with SD ~ 0.2, while the minimum value of the strength differential corre-
sponds to the loading axis along [001] where SD ~ -0.6.  
In experiments, the tension-compression asymmetry in iron single crystal 
was measured by Zwiesele and Diehl [17]. The sample was uniaxial de-
formed along the direction for which 11 12χ≤ ≤o o  and  ~ 0.72 (note   is 
an estimated value since the exact value of  is not provided in Ref. [17]). 
The critical resolved shear stresses at the lowest measured temperature of 
4.3  Thermally activated dislocation mobility     
 
105
77 K were ~240MPa for tension and ~280MPa for compression so that SD 
is about -0.15. As seen in Fig. 4-5, the predicted SD values at 0 K for the 
same loading orientation are +0.17 when only twinning-antitwinning 
asymmetry is considered and -0.20 using the full yield criterion. The later 
value agrees very well with the experimental result, and shows the ability 
of the atomistically-based yield criterion to predict accurately the yield 
behavior of Fe single crystal at low temperatures.  
 
4.3 Thermally activated dislocation mobility 
 
In Chapter 3.3 it developed a link between the behaviour of the a0/2<111> 
screw dislocations in bcc iron at 0 K studied by static atomistic simula-
tions and the thermally activated dislocation motion at finite temperatures. 
The commencement of the dislocation motion is regarded as nucleation 
and subsequent propagation of kink-pairs that overcome the Peierls barrier 
with the aid of thermal fluctuations and applied stress. In the line tension 
model, the Peierls barrier is considered to be dependent on the applied 
stress tensor and is a function of the MRSSP orientation of the loading and 
both shear stress components parallel and perpendicular to the slip direc-
tion. This dependence has the same origin as that found for the Peierls 
stress at 0 K by atomistic studies. The crucial connection between the 0 K 
atomistic data and the thermally activated dislocation motion model is 
achieved via the construction of the Peierls potential, whose derivative in 
terms of the dislocation position (Eq. 3-17) gives the Peierls stress. 




The Peierls potential is constructed based on the m-function (Eq. 3-16), 
which has the same symmetry as the {111} plane of the bcc lattice. The 
height of the Peierls potential under zero stress, the twinning-antitwinning 
asymmetry, and the dependence of the Peierls potential on the shear stress 
perpendicular to the slip direction are described by parameter functions 
multiplying the m-function. These functions are determined in a self-
consistent manner from the analytical yield criterion. The main advantage 
of the constructed Peierls potential is that it reflects the dependence of the 
Peierls stress on ,  and  described in Chapter 4.1 and 4.2. 
When comparing the stresses obtained by our calculations to those meas-
ured in experiments, one should note, deviations of the stresses between 
the experimental data and the atomistic simulations exist for all bcc metals 
regardless of the description scheme of the atomic interaction [34, 68, 92, 
95, 98, 132, 184-187]. For example, the CRSS of the loading in tension 
along the [149]  direction for iron predicted at 0 K in Fig. 3-15 (or ob-
tained by atomistic studies in Chapter 3.1.2) is about 1800 MPa. In con-
trast, the critical resolved shear stress for approximately the same loading 
orientation obtained by extrapolating low-temperature experimental meas-
urements of the yield stresses to 0K is between 340 MPa (loaded in ten-
sion with axis close to the [149]  direction but small negative , 
8 6χ− ≤ ≤ −o o ) and 390 MPa (loaded in tension with axis close to the 
[149] direction but small positive , 0 8χ≤ ≤o o ) [70]. Hence, the experi-
mentally estimated critical resolved shear stress is ~1/5 of the Peierls 
stress obtained by the atomistic studies with the similar loading orientation 
using BOP at 0 K.  
Possible explanations that have been discussed in literature are following: 
(1) a quantum mechanical tunnelling at low temperatures that aids the dis-
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location to overcome the Peierls barrier [199-202]; (2) a quantum effect on 
the vibration mode of the dislocation due to discrete energy levels and the 
zero-point vibration [203-206]; (3) dynamical effects during dislocation 
motion caused by finite velocity of dislocations, i.e. dislocation inertia 
[207, 208]; (4) collective effects where a group of dislocations consisting 
of both non-screws and screws can move at lower applied stress due to 
mutual interactions [187]. All these effects may contribute to lowering the 
CRSS at 0 K, thus when comparing the stresses obtained by our calcula-
tions to those measured in experiments, it is necessary to reduce the theo-
retical results by a rescaling factor of ~1/5, with which the predicted * at 
0 K, where the required activation enthalpy vanishes, equals to the 0 K 
yield stress estimated from experiments. 
 
4.3.1 Temperature dependence of the yield stress 
The knowledge of the Peierls potential enables us to describe the thermal-
ly activated dislocation motion via formation of kink-pairs using standard 
dislocation models [52, 120-124].  
In Chapter 3.3.2 the stress dependence of the activation enthalpy was ex-
emplified for loadings in tension along the [149] direction (see Fig. 3-15). 
With the determined activation enthalpy, the temperature dependence of 
the yield stress * for a given slip system at a fixed plastic strain rate γ&  
can be expressed as [122-124]: 






       (4-4) 




where H( ) is a function of the applied stress. With fixed plastic strain rate 
γ& , the factor 0γ&  can be determined from the temperature Tk at which the 
thermal component of the yield stress vanishes. At this temperature the 
activation enthalpy is equal to 2Hk, and thus the prefactor can be obtained 
from: 






       (4-5) 
With fixed strain rate, the prefactor may vary with both temperature and 
stress. However, in certain temperature interval it can be considered as a 
constant virtually independent of stress and temperature [69, 72, 119]. 
This approximation is kept also in all our calculations and a constant 
prefactor is used for a fixed strain rate as in [138]. 
Experimentally, the temperature dependence of the yield stress in iron sin-
gle crystal loaded in tension along the axis close to the [149]  direction 
was measured between 4 and 350 K by Brunner and Diehl [69, 70, 209] 
(See Fig. 4-6). The loading orientation is characterized by 0 8χ≤ ≤o o  and 
43 45λ≤ ≤o o  with  ~ 0.51. The plastic strain rate was γ&  = 8.5×10-4 s-1 
and the temperature Tk at which the thermal component of the yield stress 
vanished was approximately 350 K. The corresponding value of the 
prefactor 0ln( / )γ γ& &  is then ~30 (see [72, 118, 119]). Fig. 4-6 also includes 
results of Kuramoto et al. [68, 210] for a high purity iron sample deformed 
in a similar temperature range (4.2 to 300 K) in tension along axis close to 
the [149] direction with  = 0 and 45λ ≈ o . The strain rate in this study 
was γ&  = 1.7×10-4 s-1 which is also similar to the strain rate used in [69, 70, 
209]. The corresponding prefactor 0ln( / )γ γ& &  of ~27 agrees well with the 
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value obtained in studies of Brunner and Diehl. Based on these experi-
mental data, for our calculations it takes 0ln( / )γ γ& &  = 30.  
Fig. 4-6 is the comparison between the experimental results and our calcu-
lations. As mentioned previously the calculated stresses are rescaled by a 
factor of ~1/5. The dashed blue curve corresponds to our prediction based 
on the line tension model at low temperatures. It can be seen in this region 
obvious differences existing between the prediction and the experimental 
data. However one should note that the Peierls barrier V( ) (Eq. 3-25) de-
rived from the m-function has a sharp maximum due to its sinusoidal 
character. It has been shown in [117, 178-182] that a better agreement be-
 
Figure 4-6. Temperature dependence of the yield stress in iron single 
crystal for loading in tension along the [149]  direction predicted at 
high temperatures by the elastic interaction model (red curve), at low 
temperatures by the line tension model using Peierls potential with flat 
top (solid blue curve) and without flat top (dashed blue curve), and 
their comparisons to the experimental data [68-70, 209, 210] (sym-
bols). One should note the calculated shear stresses are rescaled by a 
factor of ~1/5. 
 





















tween calculated temperature dependence of the yield stress and the exper-
imental data is obtained if the Peierls barrier is flat, i.e. the MEP has a flat 
plateau instead of the sharp maximum. Mathematically, a truncating of the 
m-function producing the flat plateau, the so-called “flat top”, can be ob-
tained [138] by using a flatting operator f̂ . The important feature of the 
operator f̂  is that it is only applied to every saddle point, i.e. only the 
sharp maximum of the MEP are removed while the positions and heights 
of the minima and maxima of m remain unaffected. In the current work, a 
simplified f̂  operator which imposes a sharp flatting on the top of the 
MEP is probed in the following way: 
( )              if  f fV V V Vξ = >        (4-6) 
so that if the energy along the MEP is higher than fV , it will be set to a 
constant value  fV . This simple truncating scheme makes the Peierls bar-
rier flat with the critical value fV  determined by: 
1 2( ) ( )
2f












        (4-8) 
and 
max[ ( ) ]cV uξ ξ ξΔ = − ⋅        (4-9) 
in which max( )Vξ  and cξ  are the positions of the dislocation on the transi-
tion path with maximum energy and maximum force respectively. The 
variable u in Eq. 4-9 is the only parameter determining the position of the 
flat top. The choice of u is not unique. The basic requirements for its se-
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lection are that, firstly, fV  must be higher than ( )cV ξ  and consequently 
the reasonable value of u is between 0 and 1, and, secondly, the modified 
MEP should give a better temperature dependence of stress than that with-
out the flat top.  
Fig. 4-7 shows the Peierls barrier with the flat top with u equal to 0.65, 
which was found to be the best choice for Fe. However it is important to 
emphasize here that the m-function (Eq. 3-16) is just an empirical and 
therefore possibly crude representation of the shape of the Peierls barrier. 
The flat-top approximation is based on empirical fitting rather and does 
not have any solid physical background. A better way to obtain the shape 
of the Peierls barrier is to determine the MEP directly by means of atomis-
tic calculation using the NEB method to follow the dislocation crossing 
the barrier. This work is still in progress. 
The solid blue curve in Fig. 4-6 based upon the line tension model with 
flat-topped Peierls potential shows us the temperature dependence of the 
 
Figure 4-7. The original Peierls barrier V( ) without flat top by m-function 
(dashed curve) and the modified one with flat plateau (solid curve) by the 














yield stress of iron at low temperatures. Comparing to the dashed blue 
curve, it shows that with the flat-top approximation our predictions 
matches better the experimental data. In this region, the straight disloca-
tion is first shifted away from its minimum position in the Peierls potential 
by the applied stress and then bows out by thermal fluctuations. When 
enough energy is provided, the bow-out reaches the critical configuration 
and continues to expand as a fully developed kink-pair. The activation 
process depends on the stress components both parallel and perpendicular 
to the slip direction.  
With increasing temperature and decreasing *, the influence of the stress 
on the shape of the Peierls potential vanishes and the controlling mecha-
nism of the kink-pair formation gradually changes from the line tension 
model at low temperatures to the elastic interaction model at high tem-
peratures.  
For the latter mechanism the fully developed kink pairs are formed by 
thermal fluctuations. Once enough energy is gained to overcome the ener-
gy barrier, the kinks propagate and consequently the screw dislocation 
moves. This process is determined only by the shear stress component *.  
The curves describing the two models intersect at T ~ 250 K and stress 
~50 MPa, where the activation enthalpies of both models become equal.  
In the high temperature region, the yield stress * continues to decrease 
with increasing temperature until it vanishes at T ~ 350 K. Above this 
temperature only the constant athermal stress σ  is sufficient to move the 
dislocations. 
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4.3.2 Temperature dependence of the 
twinning-antitwinning asymmetry 
The general formulation of the Peierls potential developed above provides 
also a natural description of the twinning-antitwinning asymmetry at finite 
temperatures. The dependence of the yield stress on the orientation of the 
 
 
Figure 4-8. Temperature dependences of the twinning-antitwinning 
asymmetry in iron single crystal predicted by the line tension model 
(curves) at low temperatures and their comparisons to the experimental 
data [69, 70] (symbols), by loadings in tension along three orientations 
with 18 22χ≤ ≤o o  (LP),  0 8χ≤ ≤o o  (SP), 8 6χ− ≤ ≤ −o o  (SN) and the 
same  value. One should note the calculated shear stresses are rescaled 
by a factor of ~1/5. 
 
























MRSSP  at different temperatures can be compared directly to available 
experimental results. 
The twinning-antitwinning asymmetry in iron single crystal loaded in ten-
sion was experimentally measured between 4 and 110 K by Brunner and 
Diehl [69, 70] (See Fig. 4-8). Three different angles  between the primary 
slip plane (101)  and the MRSSP were selected, namely 18 22χ≤ ≤o o , 
0 8χ≤ ≤o o  and 8 6χ− ≤ ≤ −o o  for samples marked as large positive (LP), 
small positive (SP), and small negative (SN), respectively. For all sam-
ples, the angle  between the tension direction and the [111] slip direction 
was 43 45λ≤ ≤o o , which corresponds to  ~ 0.51. The plastic strain rate 
was γ&  = 8.5×10-4 s-1 and the corresponding value of the prefactor was 
0ln( / )γ γ& & =30 [119]. 
Calculations with the same loading orientations as those in the above ex-
periments are performed. The curves in Fig. 4-8 are our predictions based 
on the line tension model at low temperatures (One should note the calcu-
lated stresses are rescaled by a factor of ~1/5). We see that in the whole 
temperature range the yield stress with positive  is higher than that with 
negative  at the same temperature, while the values for  = 0 lie inbe-
tween. This agrees with our atomistic simulations shown in Fig. 3-3 in 
Chapter 3.1.1 where the same twinning-antitwinning tendency was ob-
tained at 0 K.  
The result also shows an excellent agreement between our predictions and 
the experimental data, which demonstrates the ability of our model to pre-
dict accurately the twinning-antitwinning asymmetry. In addition, it can be 
seen from both the experimental data and our theoretical predictions that 
the twinning-antitwinning asymmetry decreases with increasing tempera-
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ture. The magnitude of the twinning-antitwinning asymmetry is therefore 
inversely proportional to T in this temperature region. It can be expected 
that the twinning-antitwinning asymmetry vanishes when the controlling 
mechanism of the kink-pair formation changes from the low temperature 
model to the high temperature model at ~250K where the mechanism of 
fully developed kink-pair becomes applicable. Above this temperature, the 
energy barrier does not change significantly during the loading, and the 
activation enthalpy becomes only a function of the shear stress * project-
ed on the slip plane (Eq. 1-4). 
 
4.3.3 Temperature dependence of the 
tension-compression asymmetry 
Similar to the twinning-antitwinning asymmetry, the tension-compression 
asymmetry is usually obvious at low temperatures but negligible at room 
temperature [44]. For example, the tension-compression asymmetry was 
observed to decrease smoothly with increasing temperature for a loading 
orientation in the center of the stereographic triangle in single crystal nio-
bium despite a transition in the slip behaviour [197]. 
The tension-compression asymmetry in iron single crystal was measured 
at temperatures between 77 and 410 K by Zwiesele and Diehl [17] (See 
Fig. 4-9). The sample was uniaxial deformed along the direction for which 
11 12χ≤ ≤o o  and  ~ 0.72 (   is an estimated value since the exact value of 
 was not provided in Ref. [17]).  The plastic strain rate was γ&  = 5.6×10-4 
s-1 and the corresponding prefactor 0ln( / )γ γ& &  = 29±1. In this temperature 
range, the experimentally observed glide system for both tension and 
compression is the (101)[111]  slip system. Recalling Fig. 4-4(d) in Chap-




ter 4.2.1, the predicted slip system for compression with the same loading 
orientation at 0 K is however (110)[111] . The explanation of this discrep-
ancy lies in an increasing probability for the activation of the (101)[111]  
slip system, which possesses the second lowest critical loading stress at 0 
K (Table 4-1), with increasing temperature. Such temperature dependent 
slip behaviour will be discussed in detail in the next section. 
Fig. 4-9 presents our theoretical predictions, with a rescaling factor of 
~1/5 for the calculated stresses, and their comparison with the experi-




Figure 4-9. Temperature dependence of tension-compression asym-
metry in iron single crystal predicted by the line tension model 
(curves) at low temperatures and its comparison to the experimental 
data [17] (symbols), by loadings in tension and compression along 
orientation with 11 12χ≤ ≤o o and  ~ 0.72. One should note the cal-
culated shear stresses are rescaled by a factor of ~1/5. 
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results, and predicts a significant tension-compression asymmetry mainly 
at low temperatures. The magnitude of the difference decreases with in-
creasing temperature or decreasing *, and vanishes at T > 250K, at which 
the saddle-point configuration for the formation of kink-pairs changes 
from the bow-out to a pair of fully formed kinks. As already discussed in 
Chapter 4.2.2, the tension-compression asymmetry is the consequence of 
the twinning-antitwinning asymmetry and the effect of the shear stress 
perpendicular to the slip direction [101, 109]. With increasing tempera-
ture, both effects diminish and, consequently, also the tension-
compression asymmetry decreases until it vanishes completely. 
The tension-compression asymmetry predicted by our model shows again 
a very good agreement with the experimental data. It indicates that the 
constructed two-dimensional Peierls potential is capable of describing the 
temperature dependence behaviour originating from the shear stresses 
perpendicular to the slip direction, which is one of the most important fac-
tors distinguishing bcc and close-packed metals. 
 
4.3.4 Temperature dependence of the slip system 
We have illustrated in Chapter 3.2.3 that one can predict the glide of screw 
dislocations at 0 K on all 24 slip systems in bcc Fe single crystal. The dis-
location may glide on the slip plane with lower Schmid factor, owing to 
the shear stress perpendicular to the slip direction. However, as shown in 
the previous section, this effect decreases with increasing temperature. 
This indicates that the anomalous slip at low temperatures can be replaced 
by the normal slip on the glide plane with higher Schmid factor at high 
temperatures. Thus, when the temperature is taken into account, the yield 




criterion of Eq. 3-3 in terms of stress only is no longer adequate to deter-
mine the slip behaviour of the a0/2<111> dislocations in bcc iron. In the 
current section it will show in detail how the slip system varies with tem-
perature.  
At finite temperatures, the yielding occurs firstly on the slip system with 
the lowest activation enthalpy. Since the Peierls potential V (x,y) depends 
strongly on the loading orientation, its variations are not the same for dif-
ferent slip systems characterized by a unique set of values ( αχ , ασ , ατ ). 
Consequently, also the dependencies of the activation enthalpies on the 
 
 
Figure 4-10. Temperature dependence of the activated slip system for 
loadings in compression along the [149]  direction in iron single crystal. 
The temperature dependences of the critical yield stress for the a0/2[111] 
screw dislocation were predicted by the line tension model on three 
{110} slip planes of the [111] zone. One should note the calculated 
shear stresses are rescaled by a factor of ~1/5. 
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applied loading can be different, and therefore different slip systems with 
the lowest activation enthalpy may be activated as temperature changes. 
An illustrative example of such behaviour is the loading in compression 
along the [149] direction. Table 4-1 in Section 4.2.1 listed the three larg-
est effective Schmid factors */t c
ατ  among all possible slip systems. One can 
see that at 0 K the critical loading for the second most favourable slip sys-
tem, (101)[111]  (  = 14), is only ~4% larger than that for the primary slip 
system, (110)[111]  (  = 3). 
Fig. 4-10 shows the temperature dependences of the CRSS for compres-
sion along the [149] direction (  = 0 and  = -0.5) for the screw disloca-
tion with a0/2[111] Burgers vector on the three glide planes in the [111] 
zone. To consistent with previous discussion, the calculated stresses are 
again rescaled by a factor of ~1/5.  
At very low temperatures close to 0 K, the primary slip system is indeed 
(110)[111]  (  = 3) as predicted by our yield criterion [cf. Fig. 4-4(d)] . 
However, as the temperature increases to ~40K, the slip plane with the 
lowest critical stress changes from (110)[111]  (  = 3) to (101)[111]  (  
= 14). This change of the primary slip system helps to resolve the apparent 
disagreement between our theoretical predictions based on the yield crite-
rion and the experimental observations. As already mentioned, Zwiesele 
and Diehl [17] found that the slip above 77 K indeed occurs on 
(101)[111]  (  = 14) and not on (110)[111] (  = 3) for both tension and 
compression, in perfect agreement with results shown in Fig. 4-10. As dis-
cussed in Chapter 4.2.1, similar discrepancies, where the experimentally 
observed slip system is the one with the second lowest critical yield stress, 
exist for other tensile loadings. The explanation of these apparent discrep-




ancies is likely equivalent to that presented here. The predictions in Fig. 4-
4 are based on the yield criterion developed for 0 K, while experimental 
observations are always performed at finite temperatures. As the tempera-
ture increases, the effect of the shear stress perpendicular to the slip direc-
tion decreases and the slip changes from the anomalous slip plane to the 
normal slip plane, which has usually a higher Schmid factor than the for-
mer. It is therefore necessary to consider the effect of temperature when 
comparing the theoretical predictions with experiments as changes of the 
slip systems with temperature have been observed frequently in bcc metals 
[44, 68, 188]. If the activation enthalpies for two slip systems are similar 
(for instance, in the vicinity of the crossing of the curves in Fig. 4-10), 
both of these slip systems can be activated at the same time. In this case, 
the macroscopically observed slip plane could be a {211} plane or any 




Figure 4-11. Zig-zag slip (green lines) of the a0/2[111] screw dislocation 
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Finally, the total plastic strain rate can be determined by summation of 
contributions of dislocations on all possible glide planes (cf. Eq. 3-29). 
Thus for the a0/2[111] dislocation, the total velocity can be written as: 
1 1 0 0 1 1− −= + +v v n v n v n
v v v        (4-10) 
where in
v  are the unit vectors of the three glide planes in the [111] zone 






Δ= −v        (4-11) 
Eq. 4-10 enables us to determine the dependence of the angle  between 
the (101)  plane and the macroscopic slip plane as a function of tempera-
ture. This dependence is plotted in Fig. 4-12. 
At temperatures below 25 K, the dislocation velocity in Eq. 4-10 is entire-
ly determined by 1−v  along the (110)  plane of the lowest activation en-
thalpy 1H−Δ  so that 60ψ = −
o . Since the activation enthalpy appears in Eq. 
4-11 in exponent, the contribution from the other two slip systems with 
higher iHΔ  can be safely neglected (see Fig. 4-10).  
In the transition region between 25 and 40 K the (110)  plane possesses 
still the lowest activation enthalpy, but the difference between the (110)  
and (101)  planes becomes smaller. Both contributions need to be included 
and consequently ψ  starts increasingly deviating from 60− o . The critical 
point where the activation enthalpies for the (110)  and (101)  planes be-
come equal occurs at T ~ 40K. At this temperature both planes are equally 
active and the macroscopic slip plane is the (211)  plane.  




For temperatures between 40 and 55 K the (101)  plane has the lowest ac-
tivation enthalpy, but the value is still comparable to that of the (110)  
plane. Thus, ψ  gradually rotates from 30− o  to 0o . Between 55 and 175 K 
the (101)  plane completely dominates and 0ψ = o . The situation above 
175 K is more complex. As the temperature increases above 175 K, the 
difference between the two lowest iHΔ  of the (110)  and (101)  planes 
reduces again (see Fig. 4-10), so that the contribution from the (110)  
plane becomes non-negligible. The macroscopic slip plane therefore devi-
ates somewhat from 0o  in this temperature region. When the temperature 
is larger than 250K, the activation enthalpies on all three planes converge 
to close values. When the contribution from the three glide planes are the 
same, the average velocity vector results in 0ψ = o  and the average slip 




Figure 4-12. Temperature dependence of the angle  between the macro-
scopic slip plane and the (101)  plane for the a0/2[111] screw dislocation 
under compression. 
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Fig. 4-12 reveals that the macroscopic slip plane can vary considerably 
depending on the loading orientation and temperature. According to the 
Schmid law, the slip of the a0/2[111] screw dislocation should always oc-
cur on the plane with the highest resolved shear stress, i.e. the (101)  plane. 
However, our predictions show the possible occurrence of the anomalous 
slip [44, 77, 78] at low temperatures. As the temperature increases, the 
effect of the perpendicular shear stress is reduced, and the Schmid factor 
gradually dominates. Consequently, the macroscopic slip plane rotates 
from the anomalous (110)  slip plane to the normal (101)  slip plane. The 
slip behaviour of real single or polycrystalline materials at finite tempera-
tures can be still much more complex, since dislocations with other Burg-






5 Summary and outlooks 
 
The main goal of this thesis was to study the properties of the a0/2<111> 
screw dislocations in bcc -iron, and to establish a link between the mi-
croscopic behavior of these defects and the macroscopic plasticity.  
It started with investigation of the dislocation core structure by means of 
static atomistic simulations. The inter-atomic interactions were described 
by the recently developed magnetic bond-order potential [100] that is able 
to describe correctly both the angular character of bonding and the mag-
netic interactions in iron. Despite its quantum mechanical origin, BOP is 
not limited by the periodic boundary conditions and is sufficiently compu-
tationally efficient for the modeling of dislocations. The core structure of 
the a0/2<111> screw dislocation with this magnetic BOP was found to be 
non-degenerate and invariant with respect to both the [111] threefold axis 
and the [101]  diad. This is the core structure found in all DFT calculations 
for bcc metals [93-97], in contrast to the degenerate core structures ob-
tained by most empirical potentials [54, 84-87]. BOP is also able to pre-
dict the Peierls barrier for screw dislocation moving between two neigh-
boring stable sites in quantitative agreement with DFT calculations [157] 
as well as experimental estimations [158] (Fig. 2-1). 
In the next step, the focus is on the behavior of the 1 2[111] screw disloca-
tion under externally applied stress. In Chapter 3.1 it studied loadings by 




pure shear stress parallel to the slip direction. The loadings were applied 
on different MRSSP defined by the angle  between the MRSSP and the 
(101)  plane. The dependence of the CRSS on  in Fig. 3-3 shows the de-
viation of the CRSS between the atomistically obtained data and the pre-
dictions from the Schmid law. This twinning-antitwinning asymmetry was 
observed in experiments (see for example [44, 68]). For all loadings with 
pure shear stress parallel to the slip direction the slip is always observed to 
be on the (101)  glide plane which has the highest Schmid factor within 
30 30χ− ≤ ≤o o . It is also the glide plane for the 1 2[111] screw dislocation 
in molybdenum and tungsten under the same loadings [101]. 
Beside the pure shear stresses, the uniaxial loadings in both tension and 
compression were performed. Our results show that the CRSS for tension 
is always lower than that for compression in the same loading direction, 
and that the CRSS for pure shear with the same MRSSP lies in between of 
the two. This so-called tension-compression asymmetry observed in ex-
periments is a consequence of the non-planar core structure. The origins of 
the tension-compression asymmetry were analyzed by further calculations 
in which a special stress tensor (Eq. 4-1) with only shear stresses perpen-
dicular to the slip direction was applied. The differential displacement 
plots in Fig. 4-2 show that although it does not drive directly the screw 
dislocation to move, the shear stress perpendicular to the slip direction 
changes the symmetry of the core and makes the dislocation either easier 
or harder to slip on different {110} planes in the <111> zone. The out-
come of our static atomistic simulations showed that the complex depend-
ence of the CRSS is governed by three factors, namely, the Schmid factor, 
the shear stress perpendicular to the slip direction, and the twinning- an-
titwinning asymmetry. 
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Based on the atomistic results, a description of the macroscopic yielding 
of single crystals containing a0/2<111> screw dislocations with all possi-
ble Burgers vectors was formulated in terms of an analytical yield criteri-
on. The motion of the screw dislocations is considered to be triggered 
once the external loading satisfies the yield criterion in any of the 24 slip 
systems. In order to capture the dependences of the CRSS on both the 
MRSSP orientation and the non-Schmid stress components, a linear com-
bination of two shear stresses parallel to and two shear stresses perpendic-
ular to the slip direction, both resolved in two different {110} planes of 
the [111] zone, was used to construct the analytical yield criterion (Eq. 3-
3), following the studies in [109]. The obtained yield criterion was shown 
to reproduce closely the atomistic data for not only the CRSS of the glide 
on the primary (101)  plane but also that of the anomalous slip on the other 
{110} planes. In addition, the yield criterion was used to obtain the yield 
polygon, which is the yielding surface projected on the CRSS-  graph for 
a given MRSSP. This yield polygon shows a more complex deformation 
behavior carried by the a0/2<111> screw dislocations in single crystal iron 
than yield polygon derived from the Schmid law.  
A convenient tensorial representation of the yield criterion was then uti-
lized to determine the first activated slip systems under a given uniaxial 
loading for all orientations in the stereographic triangle. The results pre-
sented in Fig. 4-4 show that the primary slip system for most tensile load-
ings is the (101)[111]  slip system, which possesses the highest Schmid 
factor. Possible secondary slip systems exist only in the vicinity of the 
[001] [111]−  and  [001] [011]−  borders of the stereographic triangle. The 
theoretical predictions agree with available experiments [68]. While the 
predictions for tension are similar to those of the Schmid law, the slip sys-




tems for compressions determined using the yield criterion are much more 
complex than those using Schmid law. Most striking is the prediction of 
different primary slip systems in the central region of the stereographic 
triangle, which is clearly a consequence of the strong effect of the shear 
stress perpendicular to the slip direction. Furthermore, the first activated 
slip system varies considerably with the orientation of the loading axis, 
showing a large complexity of the deformation behavior of iron single 
crystals in compression.  
Based on the calculations above, the tension-compression asymmetry is 
analyzed for all orientations of the loading axis in the stereographic trian-
gle using the strength differential. It showed that the tension-compression 
behavior originates mainly due to the effect of the shear stress perpendicu-
lar to the slip direction. Our results again agree well with experiments ac-
cording to which in most regions of the stereographic triangle the critical 
loading for compression is higher than that for tension [44]. 
The third main topic of the thesis was to develop a link between the glide 
of the a0/2<111> screw dislocations in bcc iron at 0 K studied by the static 
atomistic simulations and the thermally activated glide of dislocations at 
finite temperatures. For the latter the commencement of the dislocation 
motion is regarded as a nucleation and subsequent propagation of kink-
pairs, which overcome the Peierls barrier under the effect of the applied 
stress and the aid of thermal fluctuations. The Peierls barrier is considered 
to be dependent on the applied stress tensor and is a function of the 
MRSSP orientation of the loading and both shear stress components paral-
lel and perpendicular to the slip direction. This dependence has the same 
origin as that found for the Peierls stress in the atomistic studies for a sin-
gle a0/2<111>{110} dislocation. The connection between them is that the 
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Peierls stress along the glide plane should equal to the derivative of the 
Peierls potential in terms of the dislocation position. 
The Peierls potential was constructed based on the m-function [137, 138], 
which satisfies  the symmetry of the {111} plane in the bcc lattice. The 
heights of the Peierls potential under zero stress as well as its changes un-
der general applied stress were described by parameter functions multiply-
ing the m-function. These parameter functions were determined in a self-
consistent manner using the yield criterion. In this way, the Peierls poten-
tial inherited all the properties of the yield criterion i.e., its dependences 
on the Schmid factor, the twinning-antitwinning asymmetry, and the shear 
stress perpendicular to the slip direction. 
Using the atomistically consistent Peierls potential, the thermally activated 
dislocation motion via formation of kink-pairs is treated using standard 
dislocation models [52, 120-124]. The application of these models leads to 
a correct description of the temperature dependence of the yield stress. 
The dependence of the twinning-antitwinning asymmetry on temperature 
is also predicted successfully, and compares well with the experimental 
data for three loading orientations in tension with different  but the same 
 value (Fig. 4-8). The twinning-antitwinning asymmetry decreases with 
increasing temperature, and is expected to vanish when the activation 
model changes from the bow-out mechanism (line tension model) to the 
fully formed kink-pairs (elastic interaction model). There is also an excel-
lent agreement between our predictions and experimental results [17] for 
the tension-compression asymmetry. Similar to the twinning-antitwinning 
asymmetry, the predicted magnitude of the tension-compression asym-
metry also decreases with increasing temperature since the activation en-
thalpies for tension and compression converge. This occurs when the 




kink-pair formation mechanism changes from the low temperature model 
to the high temperature model at which fully developed kink pairs domi-
nate.  
It has been mentioned that the experimentally observed slip system for 
loading in compression along the direction studied in [17] is the 
(101)[111]  slip system, which is different to the predicted slip systems for 
the same loading orientation at 0 K using the yield criterion (Fig. 4-4). 
The reason is that the predictions in Fig. 4-4 are based on the yield criteri-
on which is developed for 0K while experiments are performed at finite 
temperatures. When considering the single crystal with dislocations of all 
possible Burgers vectors, the yielding happens on the slip system with the 
lowest activation enthalpy. Since the activation enthalpy varies with tem-
perature, the slip system may also change. For the compression along the 
[149] direction, the predicted slip system at low temperatures close to 0 K 
is (110)[111] . However, as temperature increases to ~40 K, the slip sys-
tem changes to (101)[111] , in good agreement with experimental observa-
tions. 
As mentioned above, it is necessary to apply a scaling factor of 1/5 when 
comparing the CRSS obtained from our atomistic calculations to that es-
timated from low-temperature experimental measurements of the yield 
and flow stresses by extrapolating to 0 K. This discrepancy between the 
experimental and atomistic results exists for all bcc metals regardless the 
description of the atomic interaction [34, 68, 92, 95, 98, 132, 184-187]. A 
satisfactory explanation is still lacking. However, since this constant factor 
only rescales the absolute CRSS values, it should not alter any of the qual-
itative results presented here. 
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Finally, the author believes this work reached the goal to describe the plas-
tic deformation behavior of iron single crystal at finite temperatures based 
on the microscopic properties of the screw dislocations. However, since 
the atomistic simulations of dislocation are limited by short accessible 
length and time scales, there is still room for other modeling schemes. 
Probably the most natural mesoscopic approach is the Discrete Disloca-
tion Dynamics (DDD) that is able to follow evolution of dislocation en-
sembles based upon the single dislocation mobility laws to study the mac-
roscopic deformation behavior in metals in real time. The dislocation mo-
bility laws in DDD models is currently based almost exclusively on the 
Kocks law [120, 139], which describes the activation enthalpy as a func-
tion of the resolved shear stress by fitting the parameters to experimental 
results. This mobility law does not reflect the non-Schmid effects, e.g., the 
twinning-antitwinning and tension-compression asymmetries observed in 
both experiments and atomistic studies. In the current work, it established 
a bottom-up model which can deliver information about dislocation mo-
bilities directly from the microscopic level. The results obtained in this 
work therefore can be utilized in the future as input data in higher level 
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